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Abstract Polyethylene forms a two-dimensional hexagonal phase, stable at ≥∼ 3 GPa de-
pending on molecular length, which in recent years has been claimed to intervene in
crystallization prior to the formation of the usual orthorhombic phase even at atmo-
spheric pressure. This claim is evaluated and shown to be without substance. There is
very little evidence that the theoretical possibility of thin lamellae being more stable in
the hexagonal phase than the orthorhombic at atmospheric pressure, if the former has
sufficiently low fold surface free energy, does occur in practice. But the existence of single
crystals of the orthorhombic phase unambiguously shows that they did not have a hex-
agonal precursor; that would have made them threefold twins. The overwhelming mass
of evidence is that orthorhombic and hexagonal phases crystallize independently in ac-
cordance with the phase diagram and kinetic competition during growth, as has been
understood since the hexagonal phase was discovered.

Keywords Polyethylene · Crystallization · Hexagonal phase · Metastable phases ·
Size-related stability
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1
Introduction

The concept of precursors to polymeric crystallization other than evolving
nuclei is one that has recurred regularly since the early days of the subject so
far without substantiation. As far as pre-ordering in the melt is concerned,
the plausible idea that it might contain regions of aligned molecules is not
supported by detailed X-ray analysis [1]. In terms of developing crystallites,
three recent proposals concern origins respectively, in spinodal decompos-
ition [2], block precursors [3] and an intermediate metastable phase, such as
the hexagonal of polyethylene, in crystallization from the melt [4]. While the
last of these is the particular concern of this article, fundamental difficulties
in accepting the first two hypotheses may also be pointed out. First, crystal-
lization is, in almost all circumstances, heterogeneously nucleated whereas
spinodal decomposition is a homogeneous mechanism, with its own striking
and characteristic morphology, e.g. [5], quite distinct from that of crystallized
polymers. Second, insofar as classical thermodynamics retains its relevance
to atomic dimensions, there is no obvious free energy minimum offering ex-
ceptional stability to a small block as nucleation proceeds. A particular block
size is merely one stage in the progressive reduction in free energy, once the
critical nucleus has been exceeded, as more stems crystallize. The addition
of each stem does represent a local free energy minimum, with the posi-
tive surface contributions increasingly offset, but there is no more significant
minimum which would confer exceptional stability for a particular dimension
of block. Nor does a possible mesomorphic structure, of lower free energy,
offer additional stability to the embryo: if it did exist it would become the
preferred mode of crystallization prevailing over the observed crystal struc-
ture. A priori, there is no reason here to expect that crystallization proceeds
other than by progressive development of the critical nucleus. Nor, as dis-
cussed below, does hexagonal polyethylene, a claimed metastable precursor
to the orthorhombic phase at atmospheric pressure [4], provide an excep-
tion to this scenario. Convincing evidence in favour of precursors other than
conventional nuclei playing a role in polymeric crystallization has yet to be
provided.
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2
Hexagonal Polyethylene

2.1
Context

The remarkable lamellar morphology of polyethylene crystallized at high
pressures ∼ 0.5 GPa, with thicknesses in the micron range [6], and some-
times substantially higher [7], was eventually correlated with crystallization
of a new phase of the polymer, first on thermodynamic evidence [8, 9] then
confirmed by X-ray analysis [10]. The author has previously reviewed the
work by which this was established and its wider context within polymeric
crystallization [11]; this is still valid but is now supplemented by the import-
ant later discovery that lamellae of the hexagonal phase form circular [12].
Salient points are that two distinct crystallization processes were identified,
at low and high pressures, following the recognition that the optical texture
of polyethylene crystallized at high pressure differed from the spherulitic
organization typical of growth at atmospheric pressure or in vacuo being
spiky as in immature spherulites grown at low supercoolings (Fig. 1) [13, 14].
Moreover, these two different textures persisted, little changed, in products
of crystallization at intermediate pressures, ∼ 0.3 GPa, when one gave way
to the other over a narrow temperature interval depending on molecular
length [14]. The two textures were found to form, isobarically, in different,
non-overlapping, ranges of supercooling, the hexagonal first, at lower values,
and to have melting points differing by ∼ 8 K according to their respective
thin and thick constituent lamellae [14]. The two forms tended to occur sep-
arately, in adjacent areas, but when the orthorhombic phase did grow on an
existing hexagonal lamella, it did so with sharply decreased thickness. Cru-
cially, it was then shown that unlike crystallization at atmospheric pressure,
which occurred in a single stage, that at high pressure occurred with two
sequential exotherms and two associated volume changes [8, 9]. These ther-
modynamic data were consistent with there being two first order transitions
when polyethylene crystallized at 0.5 GPa but only one at low pressures or
in vacuo. The former circumstance corresponded, it was proposed, to sequen-
tial transformation first from the melt to a new ‘intermediate’ phase then
from this to the orthorhombic form and a phase diagram, constructed from
thermal data, published [8, 9].

In situ X-ray examination of crystallizing polyethylene, at high tempera-
ture and pressure, then confirmed this proposal in detail, showing that the
wide-angle diffraction pattern changed abruptly with the optical texture [10].
That corresponding to the spherulitic texture was of the usual orthorhom-
bic form while the new ‘intermediate’ phase had two-dimensional hexagonal
symmetry, with an increased cross-sectional area per chain, but without
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Fig. 1 The differing optical textures, between crossed polars, of linear polyethylene after
crystallization from the melt at pressures close to the triple point, ∼ 0.3 GPa (a) the
conventional spherulitic texture of the orthorhombic phase (b) the coarse lamellar tex-
ture formed as the hexagonal phase then transformed to orthorhombic during return to
ambient temperature and pressure from [14]

a single chain configuration. Models in which both TTT and TGTG∗ config-
urations exist in the same chain, where T signifies trans, G and G∗ alternative
gauche bond sequences, are able quantitatively to account for the experimen-
tal data, such as specific volume, of the hexagonal phase [15].

The distinct nature of the high and low pressure processes was subse-
quently reinforced with the demonstration that they give individual lamellae
of different habits (Fig. 2). Orthorhombic polyethylene crystallizes from the
melt with lamellae of familiar forms [16], showing some tendency to incipi-
ent dendritic growth, elongated along a and b axes, in the changeover region,
and with molecules inclined at ∼ 35◦ to lamellae. Hexagonal polyethylene,
in striking contrast, forms circular discs, thinner at their edges, to which
molecules are normal [12]. These are so thick that they can be observed grow-
ing, individually, in the diamond-anvil pressure cell. The usual orientation
presents lamellae in cross-section, with molecules approximately parallel to
the diamond surfaces, consistent with flow during sample preparation. In this
condition they display strong, clear birefringence contrast. The first observa-
tions reported that when a melt was subject to increased pressure lamellae
‘flashed into view’ [17] but when grown at low supercooling they can easily
be held stable indefinitely. Only when the temperature is lowered sufficiently
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Fig. 2 Single crystals of linear polyethylene (a) crystallized at 130 ◦C at atmospheric pres-
sure (b) crystallized at 0.3 GPa as uniform circular discs then given a complex twinned
texture with lines inclined at ∼ 60◦ during return to ambient temperature and pressure
from [12]

does the birefringence change and the contrast become muddy when the
hexagonal phase transforms to the orthorhombic and molecules incline to
lamellae [18] leaving a characteristic record in the morphology with adjacent
regions having their b axes inclined at ∼ 60◦ [12]. This record is not found in
lamellae of the orthorhombic form – as it would if they did have a hexagonal
precursor – which are single crystalline.

2.2
The Pattern of Crystallization

The phenomena described are in detailed accord with the phase dia-
gram [9, 11] coupled with the concept of kinetic competition during growth.
The phase diagram defines those regions in which a particular phase (of in-
finite size) is the most stable, having the lowest free energy (specific Gibbs
function). Outside its boundary lines a given phase may still exist or form but
in metastable condition. There is no requirement that only the stable crys-
talline phase can form within its region of the phase boundary. As always
in crystal growth, it is the fastest growing path which is followed as, for ex-
ample, in chainfolding and the phase which appears is not necessarily the
most stable. In practice, when polyethylene crystallizes at high pressures for
a typical cooling rate ∼ 1 K/min it is the hexagonal phase which forms first
and metastably inside the orthorhombic-stable region (Fig. 3). However, cir-
cumstances may change this outcome which is not invariably the case: the
orthorhombic phase forms directly from the melt on fast quenching [19]
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Fig. 3 A plot of the supercoolings as a function of pressure at which exotherms appear
during the crystallization of linear polyethylene during cooling from the melt at the rates
shown. Crosses show the start of the exotherms; filled circles show the peak temperatures
for orthorhombic crystallization; filled triangles show the sequential peak temperatures
(where resolved) corresponding first to hexagonal crystallization then its conversion to
the orthorhombic phase. Redrawn from [9]

while high molecular weight polyethylene cooled at 1 K/min and 0.5 GPa,
crystallizes within the hexagonal-stable region [9].

Crystallization of the metastable phase is to be expected because the typi-
cal supercooling of ∼ 12 K at which the hexagonal phase then forms (Fig. 3) is
greater than the width of the hexagonal-stable region at 0.5 GPa [9]. However,
when forming in the orthorhombic-stable region the hexagonal phase is in-
evitably in kinetic competition with the formation of that phase directly from
the melt. At the mutual phase line this latter is the slower process but, with
increasing supercooling the free energy falls more rapidly for the orthorhom-
bic than for the hexagonal phase so that eventually direct crystallization of the
orthorhombic phase will and does prevail [19].

Similar considerations apply to crystallization at pressures below the triple
point [9, 11]. Here the melting point of the hexagonal phase (for infinite
thickness) is lower than the orthorhombic so that the orthorhombic phase
has the higher supercooling at a given temperature, increasingly so as the
pressure falls further (Fig. 4). Experimental data show that, near the triple
point ∼ 0.3 GPa, with a cooling rate ∼ 1 K/min, the hexagonal phase crystal-
lizes at ∼ 12 K of supercooling and the orthorhombic at ∼ 16 K. It is to be
expected, therefore, that the hexagonal phase will continue to form first at this
cooling rate and pressures reducing below the triple point until the respective
supercoolings of 12 K for the hexagonal and 16 K for the orthorhombic phase
occur at the same temperature. This is consistent with experiment.
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Fig. 4 Schematic free energy diagram for the crystallization of polyethylene from the melt
showing the specific Gibbs function (chemical potential) for melt (m), hexagonal (h), and
orthorhombic (o), phases as function of temperature

The large body of explicit evidence cited shows that the hexagonal and
orthorhombic phases crystallize in two distinct, independent processes. They
form with different lamellar habits and optical textures, at distinct supercool-
ings for the same cooling rate, with the orthorhombic phase giving substan-
tially thinner lamellae, melting ∼ 8 K lower than those formed in the hex-
agonal phase which, moreover, commonly forms within the orthorhombic-
stable region, entirely in accord with the phase diagram. Moreover, were the
orthorhombic phase to form around a hexagonal precursor, the latter would
leave a characteristic twinned morphology [12]; this has never been observed.

Nevertheless, it has subsequently been suggested that, for polyethylene,
there could be a phase inversion at small lamellar thickness which could make
the hexagonal the precursor of orthorhombic crystallization from the melt
even at atmospheric pressure [4]. The basis of this proposal will now be out-
lined and the conclusion reached that it is inapplicable, in part because the
effective fold surface energy during growth of hexagonal lamellae is not suffi-
ciently low.

3
Thickness-Related Stability

3.1
Thermodynamics

The relative stabilities of orthorhombic and hexagonal phases are conve-
niently discussed using a free energy diagram as in Fig. 4. This plots spe-
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cific Gibbs functions, g, (which are equal for infinite phases in equilibrium)
against temperature, T, at constant pressure, p, for the two crystalline phases
and the melt. From the fundamental relation

(
∂g/∂T

)
p =– s .

these are straight lines of slope – s, the specific entropy, if variations in specific
heat capacities

c = T
(
∂s/∂T

)

are ignored. Moreover, to cross a boundary in a phase diagram with increas-
ing temperature at constant pressure, and achieve the necessary decrease of
free energy requires that one moves to a phase of higher specific entropy,
whence

sm > sh > so (1)

referring to the specific entropies of melt, hexagonal and orthorhombic
phases respectively and corresponding to the relative positions of the three
phases in the phase diagram. This is reflected in the respective slopes of Fig. 4,
in which the slope of the hexagonal line must lie between those of orthorhom-
bic and melt.

Figure 4 shows relative free energies when the hexagonal phase is stable.
This occurs when the orthorhombic and hexagonal lines intersect, at Toh, be-
low the orthorhombic melting temperature, Tom, followed by the melting of
the hexagonal phase at Thm. The interval (Thm – Tom) is a measure of the rela-
tive stability of the hexagonal phase reflecting, as Fig. 4 shows, the difference
in specific free energy of the two phases at Tom, and vanishing at the triple
point, Tt, when all three lines have a common intersection. For lower tem-
peratures, T < Tt, as mentioned above Thm < Tom and the hexagonal phase is
metastable by an amount proportional to (Tom – Thm).

3.2
Stability Inversion with Lamellar Thickness

The lamellar habit adopted by crystalline polymers adds surface terms to the
specific Gibbs function (chemical potential), most importantly the fold sur-
face free energy, σe, which contributes 2σe/λ� for a lamella of thickness λ and
crystalline density �. In consequence melting points are lowered from T0

m, for
infinite thickness, to Tm according to the Hoffman-Weeks equation

Tm = T0
m(1 – 2σe/λ ·∆hv) (2)

where ∆hv = ∆h ·� is the specific enthalpy of melting per unit volume of crys-
tal (as opposed to ∆h, the specific enthalpy per unit mass).

As a straightforward consequence, one may shift the lines in Fig. 4 upwards
by 2σe/λ� for each crystalline phase to obtain a modified diagram pertinent
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to lamellae of finite thickness λ. It then becomes possible, in principle, to
move the orthorhombic line up sufficiently more than the hexagonal so as
to ‘invert’ the stability and make a thin hexagonal lamella more stable than
an orthorhombic one of the same thickness over a finite range of tempera-
ture surrounding the value of the orthorhombic melting point. Below this
range, the orthorhombic is always the stable phase. Such stability inversion
requires the surface contributions to free energy to be more favourable for the
hexagonal than the orthorhombic phase.

If thin hexagonal lamellae are to be stable within the orthorhombic-stable
region of the phase diagram, it is necessary, for the same considerations ad-
vanced above, that an orthorhombic lamella melts at a lower temperature
than a hexagonal one of the same thickness, i.e. from Eq. 2

Tmo = T0
mo(1 – 2σeo/λ ·∆hvo) < Tmh = T0

mh(1 – 2σeh/λ ·∆hvh) (3)

where o and h suffices refer to orthorhombic and hexagonal phases respec-
tively. Whence, the length below which the hexagonal phase is the more
stable is

λs < 2
[
σeoT0

mo/∆hvo – σehT0
mh/∆hvh

]
/(T0

mo – T0
mh) . (4)

The value of λs tends to infinity as the denominator (T0
mo – T0

mh) → 0 as
T → Tt. Conversely, as (T0

mo – T0
mh) increases, i.e. the hexagonal phase be-

comes more metastable, λs decreases as more surface contributions to the free
energy, offset by the enthalpy of crystallization, are required, which according
to the hypothesis must favour the hexagonal phase.

From Eq. 4, if λs is to be positive,

σeoT0
mo/∆hvo > σehT0

mh/∆hvh . (5)

3.3
A Hexagonal Precursor?

The scheme proposed by Keller et al. [4] is that for melt crystallization of
polyethylene in or near the range 122–130 ◦C at 1 bar lamellae form in the
hexagonal phase, increase in thickness then transform to the orthorhombic
after which there is little or no increase of thickness. Their discussion cen-
tres on Fig. 5, which plots melting point against inverse lamellar thickness for
orthorhombic and hexagonal phases as well as their transition temperature1.
For the ordinate, thermodynamics requires, as discussed above, that when the
unrestricted hexagonal phase is unstable the melting point of infinitely thick
lamellae is below that for the orthorhombic phase. If there is to be phase in-
version, it is necessary that the lines in Fig. 5 must intersect at finite λ, at the

1 We note a minor error by these authors who claim that Eq. 1 applies as written also to the
orthorhombic/hexagonal transition. It does not but requires to be modified, as in Eq. 11, on account
of the different densities of the two phases.
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Fig. 5 ‘Phase-stability’ diagram in which temperature is plotted against reciprocal thick-
ness for polyethylene to illustrate the condition for phase inversion to appear with
decreasing size. From [4]

point Q, the modified triple point. The geometrical condition for this to hap-
pen is simply that the negative slope of the orthorhombic line is more than
that of the hexagonal, i.e.

T0
mo(σe/∆hv)o > T0

mh(σe/∆hv)h

which is Eq. 5 above2.
There are two issues central to this proposal, namely: is there an inver-

sion of phase stability at atmospheric pressure and does the hexagonal phase
then crystallize before the orthorhombic? As will become clear, the available
data do not allow a definite answer to the first but probably not, to the second
the answer is certainly no. We consider these matters in turn, first testing the
inequality 5 against measured parameters.

In Eq. 5, the values of T0
mo and T0

mh will differ by at most a few K so their
ratio may safely be taken as unity in relation to the other terms involved,
hence Eq. 5 effectively reduces to

σeh/σeo < ∆hvh/∆hvo (6)

Because of the relative magnitudes of the specific enthalpies (see below) the
implication is that

σeh � σeo

which has a certain a priori plausibility because σe for polymer lamellae re-
flects not only lattice forces, as in side surface energies, but also the work of

2 Keller et al. [4] mistakenly stated that the slope of the Tm vs 1/λ plot from equation Eq. 2 is
(– 2σe/∆hv) omitting the factor T0

m and erroneously deduced the condition (σe/∆hv)h < (σe/∆hv)o
although this mistake has no significant effect on calculations.
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chainfolding. Whereas this is high for orthorhombic polyethylene, which re-
quires at least 3, and probably more, gauche bonds to be introduced into the
chain, gauche bonds are already present in chains within the hexagonal struc-
ture so that the work of chainfolding and σeh will be reduced accordingly. In
practice, σeh is certainly less than σeo but it is not clear that the reduction is
sufficient to give phase inversion under the operative conditions.

The ratio of the specific enthalpies of fusion may be estimated starting
from the specific entropies which are

∆sh = sm – sh and ∆so = sm – so .

From Eq. 1 we have

sm > sh > so

hence

∆sh < ∆so

and, therefore,

∆hh < ∆ho (7)

recalling that

∆h = T0
m∆s

at a transition.
Equation 7 refers to ∆h, the specific enthalpy of melting which differs

from ∆hv, the equivalent quantity per unit volume, by the factor �, the crys-
talline density, a difference amounting to some 8% between orthorhombic
and hexagonal phases [10].

Inserting ∆hv = �∆h into Eq. 7 gives

[∆hv/�]h < [∆hv/�]o

and

1.08∆hvh < ∆hvo (8)

Combination of Eq. 6 and Eq. 8 leads to

σeh/σeo < ∆hvh/∆hvo < 0.92 (9)

provided that chains are normal to lamellae in both phases; if not λ needs to
be reduced by ∼ cos 35◦ = 0.82 for the orthorhombic phase.

While the right hand inequality of Eq. 9 certainly holds for polyethylene,
the left hand one may not. The first, somewhat imprecise, measurements [9]
estimated ∆hh/∆ho as ∼ 0.25 whence ∆hvh/∆hvo ∼ 0.23 whereas the same
paper estimated σeh/σeo = 0.2±0.13 from melting data.

On this basis and also using more recent values of the parameters [20],
size inversion appears a marginal possibility – although this does not imply
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that it will be possible to crystallize lamellae of this thickness from the melt -
but is not immediately ruled out notwithstanding the absence of positive ev-
idence for its occurrence. However, in both instances, the values of σe used
were derived from melting data whereas, as was pointed out when the hex-
agonal phase was discovered [9], they should be for growth, when values will
be higher. Recent work has revealed that this is a very significant factor, more
so than had previously been thought.

It has been shown that, at atmospheric pressure, the fold surfaces of melt-
crystallized polyethylene generally form rough then reorganize as fold pack-
ing seeks to move towards the preferred {201} surface [21]. Only at the lowest
supercoolings (≥ 127 ◦C for ∼ 105 mass polymer at 1 bar and slow growth
rates, <∼ 1 µm/min) are folds able to attain a {201} surface before the next
molecular layer is added. When surfaces form rough, as they mostly do, it is
because the energetic cost of poor fold packing is less of a consideration for
a molecule adding to a lamella than the gains from crystallizing stems. The
effective surface energy will then rise because of the rough geometry which,
it is likely, will be the major factor reflected in the operative values of σe in
contrast to those pertinent to well-defined fold surfaces. In other words, the
effective surface free energies for the two rival phases to grow with rough
surfaces can confidently be expected to be closer in value than those meas-
ured during melting, which mitigates strongly against Eq. 9 being satisfied for
rapid crystallization.

This situation would change for slow crystallization at atmospheric pres-
sure and at high pressures near the triple point when orthorhombic lamellae
form with {201} surfaces and correspondingly lower surface energies. While
this will improve the chances of Eq. 9 being satisfied and the change in effect-
ive surface energies could give an associated discontinuity in initial lamellar
thickness vs crystallization temperature at 1 bar, this is not apparent in data
recorded after isothermal thickening. Near the triple point, when lamellae of
the two phases form at the same temperature and pressure, there is a consid-
erable disparity in thickness: hexagonal lamellae are ≥ 100 nm in thickness
with orthorhombic ones melting 8 K lower corresponding to ∼ 30 nm indica-
tive of distinct processes of growth of the separate phases.

In general, the thickness of lamellae crystallized at supercooling ∆T is

λ = 2(σe/∆hv)(T0
m/∆T) + δλ . (10)

The first term represents the condition of stability when the cost of surface
terms, 2σe, is just offset by the reduction in free energy from the volume
term, ∆hv, while the second, δλ, relates to the need to maximize growth
flux and crystallize at the fastest rate. It follows that, barring some extraordi-
nary change in δλ between the two phases, the greater thickness of hexagonal
lamellae signifies a greater value of (σe/∆hv) for the hexagonal phase. Nor is
the argument sustainable that the observed thickness of hexagonal lamellae
is the result of substantial thickening from a dimension thinner than ortho-
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rhombic lamellae. This conflicts, inter alia, with observations on the melting
and transitions of thin polyethylene lamellae.

4
Transitions of Thin Polyethylene Lamellae

4.1
Melting

A simple test of whether stability does invert with thickness which correctly
uses melting-derived surface energies is directly to melt thin orthorhombic
lamellae (10–15 nm, grown from solution) without thickening which is pos-
sible by judicious choice of heating rate. For melting, unlike crystallization,
transitions are generally recorded at or close to the phase lines; there is little
or no superheating because of the presence of suitable nuclei whereas consid-
erable supercooling is the norm for crystallization. Were the hexagonal phase
stable it would be revealed as a double transition in the melting endotherm
around the value of the orthorhombic melting point, first from orthorhom-
bic, then to the melt. The common experience is that this does not happen.
When the hexagonal phase does appear at atmospheric pressure, for example,
in highly oriented fibres [22] or after irradiation [23] its stability arises from
a different cause namely reduced entropy of the melt. Nevertheless, Keller
et al. [4] claim that there is X-ray evidence for the hexagonal phase appear-
ing just prior to melting 15 nm thick lamellae at 1 bar; their detailed findings
have still to be published. Even if correct, however, such stability would not of
itself imply that hexagonal lamellae are able to satisfy Eq. 10 and form from
the melt so thin.

4.2
Annealing at High Pressure

Among the early experiments following the identification of the high pressure
phase were studies of thin solution-grown polyethylene lamellae annealed
at 0.5 GPa, adjacent to bulk specimens of the same polymer [24]. Although
undertaken for different purposes, these bear significantly on the proposed
role of the hexagonal phase in crystallization. They show, inter alia, a) that
15 nm thick lamellae enter the hexagonal phase at a depressed transition tem-
perature with no evident thickening, b) that these lamellae melt, with only
moderate thickening similar to that found for annealing in the orthorhom-
bic phase, from the hexagonal phase with slight depression of melting point
and c) that only on recrystallization from the melt into the hexagonal phase,
is there a substantial increase of thickness, to ∼ 50 nm
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The first point, a), signifies that σeo/�o > σeh/�h, confirming that σeh <
0.92σeo; were the two surface contributions equal there would be no depres-
sion. The second point, b) shows that lamellae do not necessarily thicken
substantially when in the hexagonal phase and that σeh is small. By contrast,
Keller et al. [4] assume that substantial thickening is inherent to the hex-
agonal phase. Though this is often asserted, with the the implication that this
differs from the orthorhombic phase, the claim needs to be justified. It needs
to be recalled that when both phases crystallize together near the triple point,
the ratio of their respective lamellar thicknesses is about that of their en-
thalpies of crystallization and does not require exceptional thickening in the
hexagonal phase. The further increases in lamellar thickness with increas-
ing crystallization pressure could reflect increased molecular vibrations with
pressure (and be present also in the orthorhombic phase at these pressures)
rather than requiring exceptional thickening to be an inherent property of the
hexagonal phase at all pressures. At present such matters are speculative but
they will be pertinent to future theories of lamellar thickness which incorpo-
rate isothermal thickening and are not limited essentially to the size of the
secondary nucleus. From the third point, c), it appears that ∼ 50 nm is the
lowest thickness at which the hexagonal phase forms directly from the melt,
i.e. that this is the thickness at which the volume terms sufficiently offset the
free energy penalty of the folded surfaces.

The evidence that lamellae 15 nm thick can enter the hexagonal phase
came from electron diffraction of specimens annealed as low as 236 ◦C at
0.54 GPa, ∼ 3 K lower than the maximum of the corresponding differential
thermal analysis peak recorded for bulk polymer under the same condi-
tions. At this annealing temperature lamellae were still entire, i.e. essen-
tially of unaltered thickness although with some internal variation. No at-
tempt was then made to anneal at lower temperatures and determine the
orthorhombic/hexagonal transition temperature for this thickness. Such ex-
periments offer, nevertheless, a direct approach by which the quantities
of Eq. 9 may be determined.

The depression of the orthorhombic/hexagonal transition temperature for
lamellae thickness λ follows from equating the differential surface and com-
pensating volume contributions to the free energy according to the geometry
of Fig. 4. Thus

(2/λ)(σeo/�o – σeh/�h) = (T0
oh – Toh)(sh – so)

i.e.

(T0
oh – Toh) = [2/λ(sh – so)] (σeo/�o – σeh/�h) . (11)

Equation 11 can be evaluated using ∆sh/∆so = ∆hh/∆ho at T0
oh, ∼ 0.25 [9]

so that (sh – so) ∼ 0.75∆so. Assuming that ∆so is the same as at atmospheric
pressure, which for a heat of fusion of 280 J/g at 415 K is 280/415 ∼= 0.67 J/g K,
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gives (sh – so) ∼= 500 J/kg K, whence

(T0
oh – Toh) ∼= (1/250λ)(σeo/�o – σeh/�h) ,

(σeo/�o – σeh/�h) ∼= 250λ(T0
oh – Toh)

and

(σeo – 1.08σeh) ∼= 2.5×105λ(T0
oh – Toh) (12)

in SI units.
Taking the figures cited above [24], a depression ≥ 3 K for lamellae

∼ 15 nm thick when substituted in Eq. 12 with σeo = 93 mJ/m2, places σeh <
76 mJ/m2. This is still a comparatively high figure but it would be reduced if
further experiments, at lower annealing temperatures, showed that the hex-
agonal phase had formed.

4.3
Morphology

Polymers are unique in the extent of the detail of their history which they re-
tain in their morphology, essentially because of the restricted mobility of long
molecules once added to a lamella. Indeed polymer morphology has driven
almost all advances in understanding the fundamental nature of polymeric
self-organization, not least chainfolding. In the present case it demonstrates
clearly that polyethylene lamellae crystallized at atmospheric pressure did not
have a hexagonal precursor.

Such lamellae are single crystals with habits reflecting the orthorhombic
symmetry of the lattice. As Fig. 2a shows there is no sign of a central nucleus
with a habit of higher symmetry appropriate to the hexagonal phase. When
lamellae are formed in the hexagonal phase then transform to the orthorhom-
bic they invariably form complex threefold twins [24]. This is clearly evident
in the circular lamellae of Fig. 2b which are now subdivided into regions of
three orientations identified by lines mutually inclined at ∼ 60◦ which are
the traces of the shear planes used to incline molecules to lamellar normals
in the lower symmetry structure. Similarly, electron diffraction shows [24]
that when lamellae are annealed into the hexagonal phase then returned to
the orthorhombic, their initial single crystalline nature is lost and invariably
transforms to a threefold twin. The reason is that any of the three equivalent
〈10.0〉 lattice vectors in the plane of a hexagonal lamella can transform to the
b axis of the orthorhombic cell, the other two becoming 〈110〉 vectors, thereby
giving a morphology containing three equivalent possible orientations of the
orthorhombic unit cell. It follows very simply, therefore, that the observed
single crystals of the orthorhombic phase did not have a hexagonal precursor.
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5
Conclusions

There are three principal conclusions:
Insufficiently precise data do not allow the theoretical possibility to be

decided whether thin polyethylene lamellae are more stable at atmospheric
pressure in the hexagonal phase rather than the orthorhombic though it ap-
pears not to be the case.

The single crystalline nature of orthorhombic polyethylene lamellae shows
simply and clearly that they did not have a hexagonal precursor. Had they
done so they would have been threefold twins.

The orthorhombic and hexagonal phases of polyethylene crystallize in-
dependently in accordance with the phase diagram and kinetic competition
during growth.
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Abstract Several theories or schemes of polymer crystallization that differ from classical
nucleation and growth processes have been put forth recently. They assume some form
of structure development in the polymer melt prior to crystallization. This ordering as-
sists crystallization or initiates the build-up of crystal precursors that ultimately form
the full-grown crystal by accretion and reorganization. These schemes are evaluated by
analysis of the resulting crystal structure (by adopting a strictly structural standpoint).
More precisely, the outcomes of selection processes that take place during crystallization
of syndiotactic and isotactic chiral but racemic polyolefins are visualized. Both types of
polymers can form right-handed or left-handed helical stems in a crystal lattice (in other
words there is a conformational choice), but the hand of each helical stem must obey the
crystallographic symmetry rules corresponding to the phase (either chiral or antichiral)
that is produced. Direct observation of the helical hand of stems building up a single layer
and embedded in their crystallographic environment is not normally achievable. It can
however be approached using a combination of epitaxial crystallization on a foreign sub-
strate and Atomic Force Microscopy (AFM). Indeed, selective dissolution of the substrate
makes it possible to reach the first layer deposited on that substrate and image it (for
example by Atomic Force Microscopy). The stems that build up isochiral layers can be
shown to have a common helical hand. In one favorable case (the fully antichiral crystal
form I of syndiotactic polypropylene), the hand of individual stems has been determined.
These observations and analyses indicate that the helical hand of stems is highly depen-
dent on the substrate or growth face topography; in other words they indicate that the
depositing stem probes and adapts to the surface structure prior to successful attachment.
These observations strongly support a crystallization process controlled by the growth
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front rather than by earlier events that may take place in the polymer melt. In a differ-
ent approach, use of polyolefins that bear a chiral side-chain and adopt preferred helical
conformations in solution and in the melt has been suggested as a way to investigate the
relationship (if any) between the helical hand in the melt and that of the resulting crys-
tal structures. On cooling from the melt, they form liquid crystalline phases that later
convert to the final crystal structure. In one documented case at least, the final crystal
structure is antichiral, whereas the liquid crystalline structure is chiral. These systems,
although highly specific and possibly not representative of more common polymers, pro-
vide an opportunity to investigate molecular processes that may take place if some type
of preordering takes place in the polymer melt.

Keywords Epitaxy · Nucleation and growth processes · Helical polymers ·
Chiral polyolefins

1
Introduction

The molecular processes that take place during polymer crystallization can
be investigated from different viewpoints. A global approach determines the
shape and conformation of chains in the polymer melt, and infers processes
that lead to the lamellar chain folded crystal. Alternatively, analysis of the fi-
nal crystal structure may help us to work backwards and gain insights into
processes that take place in the last stages of crystal build-up. It is clear, how-
ever, that the two approaches should lead to the same conclusions, since the
crystallization processes that occur should not, and certainly do not, depend
on the viewpoint adopted for their analysis.

This has not been so in the past. Indeed, these two approaches have led to
diverging opinions, notably regarding the structure of the amorphous layer
(chain folds) and its organization – which obviously has a strong bearing on
the crystallization process itself. Recall that Flory, starting from his analysis
of the chain conformation in the polymer melt, could not imagine how the
random coil chain would adopt a (more or less) regularly folded chain con-
formation. In particular, he considered that the folds on the lamellar surface
must be of the “switchboard” model; in other words the folds are not globally
oriented relative to the underlying crystal lattice or growth faces. Conversely,
his more structure-oriented colleagues (Keller, Frank, and so on) had access
to local investigation techniques (electron microscopy, electron diffraction)
and so were more sensitive to indications of local order, even in the fold sur-
face. For example, the sectorization of single crystals observed in dark field
electron microscopy strongly suggests different fold orientations in the fold
planes of the different sectors. This debate is well summarized in the proceed-
ings of a landmark meeting of the Faraday Society [1]. Meanwhile, the case
of non-random orientation of the folds, even for bulk crystallization, has re-
ceived strong support from the so-called “polymer decoration” technique [2].
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The technique rests on the crystallization of polyethylene vapors produced
under vacuum and condensed on the fold surface of polyethylene and other
polymers. The condensed chains become aligned parallel to the folds, and
interact with them through short-range interactions (van der Walls forces).
They produce small stacks (rods) of chains normal to the fold orientation.
The rods do have preferred orientations, which indicate that the outermost
surface of the crystal – the folds – are oriented roughly parallel to the macro-
scopic growth front and are by no means oriented randomly. The polymer
decoration technique, since it rests on short-range interactions, is less or not
efficient when dealing with polymers that bear longer side chains, since the
conformational freedom of the latter “hides” the fold orientation. However,
Atomic Force Microscopy (AFM) in the lateral force mode is able, by adjust-
ing the tip force, to “feel” a preferred fold orientation, even when the folds are
burried beneath the top surface. Using this approach, a sectorization (a pre-
ferred fold orientation) has been evidenced in (for example) single crystals
of poly(4-methyl-pent-1-ene) (P4MP1) even though the top surface is encum-
bered with side-chains [3]. If anything, this earlier debate and its outcome
should teach us that information provided by very local scale indicators – the
fold, the crystalline stem – should not be overlooked by any form of analysis
of the crystallization process as a whole.

Oddly enough, a very similar debate has been going on in recent years.
It has been triggered by a string of new results, many of which are sum-
marized in parallel contributions in this issue. As a result, novel theories
or schemes for polymer crystallization have been put forward. They assume
some form of preordering of the polymer melt prior to crystallization. In this
view, polymer crystallization rests on molecular processes that are more or
less directly derived from the melt structure. Two major processes have been
considered: (a) spinodal decomposition or spinodal assisted crystallization
leading to densification or gelification prior to crystallization, as advocated
by, say, Kaji, Olmsted, McLeish and others [4–6], or (b) clustering of chains
(or more precisely, of the future crystalline stems) in a kind of loosely orga-
nized bundle, condensation of bundles and “crystal perfection” of granular
crystalline layers that ultimately results in the lamellar crystal as we know it,
as advocated by Strobl [7].

Doubts about the impact on crystallization of such processes have already
been raised by the present author in a paper that, very gracefully, Gert Strobl
allowed to be published in parallel with his own contribution that presented
a different viewpoint [8]. In that paper, the preeminence of a more classi-
cal “nucleation and growth” scheme (Fig. 1) was advocated: crystallization
is viewed as a more sequential process in which incoming stems probe the
crystal growth face and are accepted if they fulfill the correct criteria. If
not, the incoming stems are rejected or must undertake conformational ad-
justments. In other words, the classical nucleation and growth process can
be seen as dominated or controlled by the crystal (substrate structure, or
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Fig. 1 The conventional (and idealized) nucleation and growth scheme of polymer crys-
tallization as illustrated by Hoffman and Lauritzen. Growth is a sequential process with
successive deposition of stems on a crystalline substrate, here the polymer. The lateral
dimensions and length of the stem are represented by a, b and l; G and g are the over-
all growth rate and lateral spread on the growth face, σ and σe are the lateral and end
surface energies. Substitution of the polymer substrate by a low molecular weight organic
material allows observation (via AFM) of the first layer deposited on the substrate (of the
depositing strip represented here). Reproduced from [15] with permission

inside-out selection process) whereas the more recent theories suggest that
the melt (pre)organization or structure governs the crystallization process
(outside-in).

In order to settle these divergences, it is necessary to determine whether
the initial (melt) or the final (crystal) stage takes precedence in the crys-
tallization process. A purely structural approach can be envisaged, and is
exclusively developed here. If it is possible to demonstrate that the structure
of the crystalline substrate imposes its own crystallographic rules (that are
different from the melt), nucleation and growth prevails. If (and if so to what
extent?) the “pre-ordering” of the polymer melt is transferred to the crystal
(or at least leaves a trace in the final crystal structure), the melt organization
process becomes a major ingredient.

In this structural approach, and as already detailed in the paper referred to
earlier [8], two major criteria may be used to characterize the building blocks
of the lamellar crystals, namely the stems. They are the stem length and, for
helical chiral but racemic polymers, the helical hand.

The stem length issue has already been discussed in an earlier contribu-
tion [8]. The stem length is important, but it is a relatively “blunt” criterion.
On the one hand, the initial length is not discriminatory enough to impair
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attachment. Mistakes are tolerated, which slow down but do not stop the
crystallization process, as demonstrated by the so-called “surface poisoning”
observed for paraffins and low M.W. poly(oxyethylenes), and its subsequent
“healing” when “incorrect” stem lengths change to smaller or larger values
that are exact sub-multiples of the chain length [9]. On the other hand, the
length (or its ultimate value) is the same (allowing for some fluctuations) for
all the stems in the crystal, or at least for all stems in any given growth sector.

The analysis of helical hand turns out to be a major tool when investi-
gating the crystal structure of chiral but racemic polymers (such as isotac-
tic polypropylene) that can adopt either right-handed or left-handed helix
conformations. Indeed, right or left helical hand is a conformational “tag”
attached to each and every stem included in the lamellar crystal, and is a per-
manent memory of the crystallization of that stem. As such, it provides very
local information on the crystallization process, specifically at the level of in-
dividual stems. When the right-handed or left-handed helical sense option
exists (for isotactic and syndiotactic polyolefins), the helical hand must be
selected to conform to the crystal modification generated: chiral (made of he-
lices of only one hand) or antichiral or racemic (made of right-handed and of
left-handed helices). Furthermore, in the racemic case, the sequence of heli-
cal hands is imposed by the crystallographic symmetry, which suggests that
the structure of the growth front has precedence in the deposition process.

Plenty of information on the helical hand can be accessed by analyzing
the crystal phase structure (unit-cell symmetry). For example, as developed
earlier [8], a very intimate knowledge of the helical hand in the different
structures of isotactic polypropylene (iPP) is available (“racemic” α and γ

phases, or chiral β phase). In the specific case of α iPP, both the helical hand
and azimuthal setting of each and every stem can be read from the so-called
“quadrite” morphology, a unique branched lamellar morphology generated
by a homoepitaxy specific to this phase [10]. Further analyses dealt with the
β and γ crystal structures of iPP and with the structures of stereocomplexes
of, say, poly(L-lactide) and poly(D-lactide), for which a specific sequence of
stems that are part of different molecules must be fulfilled. It was argued
that the underlying selection of helical hands (or, for the stereocomplexes, se-
lection of stems of different molecules) is hardly compatible with a simple
condensation of a pre-structured polymer melt [8].

As a continuation of the earlier and very lively forum experience (that in-
cluded the two mentioned papers and two commentaries [11, 12]), the present
contribution develops some further arguments based on helical hand of crys-
talline stems in favor of a nucleation and growth crystallization scheme.
Specifically, the crystallization process is analyzed by taking two additional
approaches:

• In Sect. 2, we consider an approach even more direct than in the preceding
contribution, and a length scale even more local. We take advantage of our
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mastering of epitaxial crystallization on low molecular weight crystalline
substrates and our analysis of the epitaxially-crystallized film structure
by electron diffraction and Atomic Force Microscopy (AFM) to analyze
– again – helical hands of crystalline stems. In epitaxial crystallization,
the substrate crystalline structure is of course different from that of the
polymer itself. As developed later, epitaxial crystallization is nevertheless
a very good approximation to the real growth process.

• In Sect. 3, we suggest that investigation of polymer crystallization pro-
cesses may be aided by using polymers that have helical conformations,
and a preferred hand, in the melt or solution. Such polymers have been
observed since the early days of the stereospecific polymerization of poly-
olefins [13]. They bear a side chain with a chiral carbon atom and expe-
rience a macromolecular amplification of chirality [14]. Their main chain
therefore adopts a helical conformation with a preferred helical hand, as
indicated by a significant increase (and sometimes reversal) of the poly-
mer optical rotary power compared to that of the monomer. This preferred
helical hand may be compared with the helical hand(s) existing in the fi-
nal crystal structure(s). While the present investigation, performed with
colleagues in Naples and Zurich, is still under way, the relevance to the
present debate is obvious since the precursor liquid crystal phase is likely
to possess many of the features supposed to characterize the pre-ordering
in the polymer melt.

Before developing these various topics, it may be worth indicating the spirit in
which this contribution is presented. It is not meant to advocate old-fashioned
theories of polymer crystallization beyond reason. It merely attempts to re-
mind the reader of a number of experimental facts that recent theories may
have a hard time explaining, and that should not be overlooked. It should
therefore be considered merely as a “note of warning”, to use the words of the
late H.D. Keith, about the earlier contribution [8]. However, since at times it
develops controversial issues or interpretations, the examples used to support
these interpretations are taken exclusively from works with which the present
author has been or is associated (but the co-authors are in no way responsible
for the interpretations developed in the present context!). Last but not least,
this approch avoids the risk of mis- or over-interpreting data of colleagues
whose works were not meant to be dragged into this type of debate.
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2
Analysis of Helical Hand Selection in Epitaxially Crystallized Films

2.1
AFM and Electron Diffraction on Epitaxially Crystallized Layers

Let us consider Hoffmann and Lauritzen’s classical “nucleation and growth”
scheme of polymer crystallization that can be found in many textbooks
(Fig. 1) [16]. Without necessarily adhering to the simplification assumed in
this scheme (which would correspond to an ideal, so-called Regime I crys-
tallization process), one must note that the depositing chain will ultimately
be squeezed between the substrate and the molecular strips that will be sub-
sequently deposited onto it – it will ultimately be embedded in a crowd of
the same material. In other words, there is no way to see the stems that have
deposited in Fig. 1, other than by relatively indirect and in any case global
methods. These methods mostly use some way of tagging one chain to dif-
ferentiate it from its neighbors: use of deuterated chains has enabled the
chain trajectory to be investigated by neutron scattering [16] or infrared spec-
troscopy [17].

Epitaxial crystallization combined with Atomic Force Microscopy (AFM)
and electron diffraction provide a means to overcome this difficulty. Indeed,
in epitaxial crystallization, the polymer substrate in Fig. 1 is replaced by a low
molecular weight substance that can be dissolved away with a suitable sol-
vent. In doing so, the deposited strip becomes exposed, and can be seen using
local probe techniques – AFM. This observation is aided by the fact that low
molecular weight substrates usually form large, flat crystals, which, once dis-
solved, are highly suited for AFM examination. AFM makes it possible to
visualize the very first growth layer deposited on a growth front – in favorable
cases down to the helical hand of individual stems.

Obtaining an image of the first layer deposited on a foreign substrate can
be rightly considered to be not completely representative of bulk crystalliza-
tion. However, this is only the first layer of a thin polymer film, the structure
of which can be investigated by electron diffraction. The two techniques are
indeed very complementary. AFM probes the first layer, whereas electron
diffraction determines the structure of the thin film as a whole – the structure
of the film interior.

Electron diffraction therefore makes it possible to establish that the struc-
tural continuity of the film is ensured. For example, it can differentiate the
chiral and the racemic crystal polymorph of a given polymer (it can tell
if the selection of helical hands observed in the first layer is still operative
in layers deposited subsequently, away from the foreign substrate). As such,
electron diffraction probes growth processes taking place in the polymer it-
self, as opposed to growth on a foreign substrate. Recall that deposition of,
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say, polyolefin stems is governed mainly by van der Waals forces that fade
away beyond some 7 to 10 Å. For isotactic polypropylene, the third layer
is 10 Å away from the substrate, and barely knows of the existence of the
foreign substrate. Deposition of the fourth layer can already be considered
to be representative of bulk crystallization. Bearing in mind that thin films
used for electron diffraction range from a few tens to ≈ 100 polymer layers,
electron diffraction clearly helps determines features of bulk crystallization.
In the present context, it establishes whether the selection processes opera-
tive in the first, epitaxially-deposited layer remain operative in the next layers
– indeed, if the AFM images of the first layer are also representative of the
crystallization of the bulk as a whole.

2.2
Structural Selection Rules Governing Epitaxy of Polymers

Epitaxial crystallization of polymers has been investigated for a wide variety
of substrates: minerals (alkali halides, talc, mica, and so on), low molecular
weight organic materials (condensed and linear aromatics, benzoic acid and
many of its substituted variants and their salts or hemiacids, other organic
molecules of different types), and other crystalline polymers.

Epitaxial crystallization utilizes some form of lattice (dimensional) and
structural (surface topographies) matching of the deposit (usually the poly-
mer) and the substrate crystal. This matching has been demonstrated in
a number of ways in the field of polymer crystallization [18] and only the
general rules are (briefly) recalled here.

1. In many cases, and especially for polymers with a “stretched out” confor-
mation (such as the planar zigzag of polyethylene), dimensional matching
of the interchain distance with some substrate periodicity is the major
criterion for polymer epitaxy. Depending on the substrate periodicity, dif-
ferent crystal planes of the stable crystal phase can become contact planes.
In polyethylene, the (110), (010) and (100) contact faces match substrate
periodicities of ≈ 4.5 Å, ≈ 5 Å and ≈ 7.5 Å, respectively. When the sub-
strate periodicity is too different from the interchain distances that exist in
the stable crystal phase, unstable crystal modifications may be produced.
For polyethylene, the monoclinic phase was obtained with three different
contact planes with interchain distances of ≈ 4 Å, ≈ 5.5 Å and ≈ 9.5 Å, re-
spectively [19]. A very similar situation exists for isotactic polypropylene
that can be obtained either in its antichiral α phase or in its chiral β phase
(both phases based on the standard three-fold helix conformation of iPP)
by using specific nucleating agents [20–22].

2. For polymers that can exist in different crystal structures based on differ-
ent chain conformations, epitaxial crystallization can induce these various
crystal structures (it can impose different chain conformations). The most
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illustrative example is provided by isotactic poly(1-butene) (iPBu). iPBu
could be obtained by epitaxial crystallization in Form I (racemic, three-
fold helix) [23], Form II (racemic, 113 helix) and Form III (chiral, four-fold
helix) [24]. The case of Form I will be further developed later on. How-
ever, it is clear from this enumeration that the incoming chain, especially
if helical, adapts to the substrate structure, and that the depositing layer
conforms to the constraints set by the substrate (periodicity and, as seen
later, chirality and orientation).

3. Epitaxial crystallization of helical polymers may involve three different
features of the polymer chain or lattice. These are: (a) the interchain dis-
tance (as for stretched out polymers), (b) the chain axis repeat distance,
and (c) the interstrand distance – the distance between the exterior paths
of two successive turns of the helix. The two former periodicities are nor-
mal and parallel to the chain axis direction, and are therefore not usually
sensitive to the chirality of the helix (unless the substrate topography is
asymmetric and favors a given helical hand). However, the interstrand dis-
tance is oblique to the helix axis (it is normal to the orientation of the
outer chain path) and therefore has different, symmetric orientations rela-
tive to the helix axis for left-handed and right-handed helices (Fig. 2). In
other words, epitaxies that involve the interstrand distances are discrimi-
native with respect to helix chirality. This discrimination becomes visible
if the crystal structure is based on whole layers of isochiral helices. Such
a situation does indeed exist for isotactic poly(1-butene), Form I, that will
be considered soon.

Some of our earlier results on AFM and electron diffraction of epitaxially-
crystallized thin films are briefly recalled in the next subsections, and are

Fig. 2 Epitaxy of right-handed and left-handed helices on a substrate that matches the in-
terstrand distance. The rows of dots represent surface features of the substrate (e.g. rows
of chlorine atoms of p-chlorobenzoic acid), and deposition of helices is seen from the sub-
strate side through this surface layer. The deposition of the first layer of helices is selective
with respect to the helical hand, since antichiral helices must lean to opposite directions
in order to match the substrate periodicity. Reproduced from [21] with permission
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discussed in the light of the “selection of helical hand” issue, in other words in
the broader context of mechanisms of polymer crystallization. Three cases are
considered: isotactic poly(1-butene) in Form I and syndiotactic polypropy-
lene in Forms I and II (both with T2G2 chain conformation). AFM results are
emphasized, electron diffraction results being discussed only when relevant.
As will become apparent, the AFM and electron diffraction analyses are con-
sistent, which indicates that the selection of helical hand observed for the
stems in the first layer is indeed representative of the bulk crystallization.

2.3
Epitaxial Crystallization of Isotactic Poly(1-Butene), Form I

The crystal structure of isotactic poly(1-butene), Form I, is based on a trig-
onal unit-cell with R3c symmetry. The unit cell houses six chains, three
right-handed 31 helices, and three left-handed 32 helices. Right-handed and
left-handed helices are associated in bilayers parallel to the (110) plane of the
unit cell (Fig. 3a) [25]. Furthermore, the right-handed and left-handed helices
are oriented in opposite azimuthal directions (in Fig. 3a, one of their side-
chains is oriented either towards the top or towards the bottom of the page).
Due to this arrangement, all flat faces of the three-fold helices (seen in chain
axis projection) are located in the same plane, (110). Furthermore, the flat
faces that are in contact in the (110) plane are different: one exposes only
right-handed helices, and the other exposes only left-handed helices. When
these faces are viewed from the side, only the side chains, and more specif-
ically one CH2 – CH3 side chain and the end CH3 group of the next side chain
are visible. Their tilt to the helix axis is similar to that of the main chain: the
structure of the exposed face indicates the helical hand of the underlying main
chain even though the latter is not accessible to AFM imaging.

Fig. 3 (a) Crystal structure of isotactic poly(1-butene) (Form I′) as seen along the chain �
axis. Right-handed and left-handed helices are shown in cylinders, and balls and sticks,
respectively. Note that, when exposed, any one (110) plane (horizontal, parallel to the
long bisector of the unit cell) is populated with side chain groups CH3, CH2 and CH3
attached exclusively to right-handed helices, or to left-handed helices (b) Atomic Force
Microscope image of the (110) contact face of epitaxially crystallized iPBu Form I′, and
illustration of the methyl and ethyl groups that are imaged. Only one of the two sets of
lamellae 24◦ apart has been selected. About 14 chains are imaged in this view (chain axis
is horizontal). The tilt of the side chains indicates that all of the helices in this layer are
left-handed. Reproduced from [21] with permission (c) Electron diffraction pattern of an
epitaxially crystallized thin film of isotactic poly(1-butene) (Form I′). The zone selected
comprises only one chain axis orientation (here, the chain axis is vertical). Note that the
pattern is asymmetric, which indicates that in spite of its multilamellar structure, the film
is truly single crystalline. The strong reflection on the second layer line corresponds to
the prominent planes imaged in AFM and indicates that the first layer deposited is made
of left-handed helices, as in the AFM image. Reproduced from [24] with permission
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Epitaxial crystallization of iPBu, Form I, on a substrate that matches the
interstrand distance produces a film in which two sets of lamellae are at an
angle of 24◦, as is expected from the 12◦ tilt of the side groups to the helix
axis normal [24]. The discrimination of helical hands illustrated for a single
chain in Fig. 2 does indeed take place in the whole epitaxially crystallized first
layer. When zooming in on only one of these sets of lamellae, and reaching
a resolution of less than ≈ 5 Å, AFM images (Fig. 3b) show the rows of methyl
and ethyl groups that build up the contact face [26]. However, the resolution
is not sufficient to differentiate the exposed methyl versus ethyl groups, which
would have made it possible to determine the syncline or anticline orientation
of the helices in the layer.

The AFM images actually show that the selection of helical hands has been
flawless: all helices (even if not resolved individually) are left-handed in this
first layer. In the portion of the film imaged in Fig. 3b and in this specific set
of lamellae, no right-handed helices are imaged, since they build up the sec-
ond layer away from the substrate (the layer immediately under the imaged
one), and all even layers subsequently (with the left-handed helices in all odd-
numbered layers), in agreement with the crystal structure of Form I of iPBu1
(all of the helical hands would be opposite had the other set of lamellae been
imaged). Evidence for this regular alternation of layers of antichiral helices
stems from the analysis of the electron diffraction pattern of the thin film
(Fig. 3c). It does indeed indicate that the thin film as a whole has a single crys-
tal texture: the diffraction pattern is not symmetrical, as would be expected
for a fiber or even a uniplanar orientation. In particular, the strong diffrac-
tion spot on the second layer line indicates the tilt of crystallographic planes
containing the side-chains illustrated in Fig. 3b. This tilt is the same for the
right and left-handed helices in this layer (helices are related by a glide plane
parallel to the layer), again in agreement with the crystal structure of iPBu-1.
It also implies that the first, epitaxially crystallized layer deposited on a “for-
eign” substrate has a structure representative of the bulk of the material. In
particular, the very stringent selection of helical hands observed in the first
layer is equally operative for all subsequent layers (in other words for bulk
crystallization).

2.4
Epitaxial Crystallization of Syndiotactic Polypropylene, Isochiral Form II

The second and third illustrations of epitaxial crystallization deal with syn-
diotactic polypropylene (sPP). Syndiotactic polymers are by design suscepti-
ble to forming either right-handed or left-handed helices, and are therefore
suitable materials in the present context of helical hand selection.

Syndiotactic polypropylene exists in various crystal modifications. The
most stable chain conformation is helical and involves a succession of the type
TTGG or TTG–G–. The helix conformation is very nearly a rectangular stair-
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case on two sides of which one side-chain CH3, one main-chain CH2 and the
next side-chain CH3 form three steps of the staircase. Indeed, they form a row
aligned at ≈ 45◦ to the helix axis, and are contained in a plane parallel to (100)
(bc plane) (Fig. 4a). This chain conformation is found in two different crys-
tal structures, Form I and Form II. Both forms are made of structurally well
characterized sheets of helices parallel to the bc plane. Form I is fully antichi-
ral, each helix on the rectangular lattice being surrounded by four helices of
opposite hand. Form II is chiral, and differs from Form I by a halving of the
b parameter of the unit-cell, and a b/2 shift in successive layers [27]. (Fig. 4b
and c). In the present context, we simply need to note that two different
layers, one made of antichiral helices and one made of chiral helices, can exist.
Their packing energies cannot be significantly different. As an illustration,
the chiral Form II becomes the stable form when crystallization takes place
under high hydrostatic pressure [28], above about 1.5 kbar, as established in
a pressure-temperature phase diagram [29]. Also, packing defects are intro-
duced in the antichiral Form I upon crystallization at low temperatures that
correspond to disruption of the full antichiral packing by incorporation of
neighboring isochiral helices [30, 31], (Fig. 4d).

Both Form I (considered later) and Form II can be obtained by epitax-
ial crystallization. At atmospheric pressure, the unstable, chiral Form II
can be “forced” to crystallize by using an appropriate substrate, namely
2-quinoxalinol, as assessed by the electron diffraction pattern (Fig. 5a)
(no AFM images are available) [32]. The contact plane is found to be
(110)Form II.

The structural relationship of this face with the substrate (Fig. 5b) illus-
trates the selection mechanisms that are at play during deposition of each and
every incoming stem on a foreign crystalline substrate, and also, by extension,
on the growth face of the polymer itself.

The substrate surface is made of parallel rows of bulges that stick out of
the contact plane. Only Form II of sPP can match this “hilly” surface. Indeed,
the various helices in the (110) contact plane also have bulges, with the bulges
of all of the chains in phase along the c axis (Fig. 5b). Thus, the topographies
of the two contact planes match perfectly along the chain axis of the chiral
Form II (although the dimensional fit normal to the chain axis would be bet-
ter for the (110) plane of the antichiral Form I). For Form I, the bulges of
neighboring antichiral chains are out of phase, being shifted by c/2. Good
matching of the substrate and polymer contact plane topographies is thus im-
possible. In this case, the steric conflicts that inhibit formation of Form I and
the structural matching that favors Form II can be directly deduced from the
contact faces’ surface structure. The driving force underlying the unnatural
isochirality of the polymer contact layer can be clearly identified. It is the sur-
face topography of the substrate layer in epitaxial crystallization – or of the
growth front in polymer crystallization- that here dictates the “unnatural” se-
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Fig. 4 (a) Conformation of right- and left-handed helices of syndiotactic polypropylene
in both Form I and Form II. The helices are seen along the a axis, as they are when
also imaged by AFM (see Fig. 6). The lateral CH3, CH2 and CH3 groups indicate the
orientation of the underlying helix main chain and thus materialize the helical hand. Re-
produced from [31] with permission (b) The two packing modes of sPP chains in the
bc layers. A right-handed helix (center) is surrounded by a right-handed helix (left-hand
side of the figure) and by a left-handed helix (right-hand side of the figure), which cor-
responds to packing schemes found in Form II and I, respectively. Note the shift of CH3,
CH2 and CH3 groups in the right-hand side antichiral packing, also observed in Fig. 6.
Original, unpublished figure produced by A.J. Lovinger (c) The unit-cells of sPP: pack-
ing of isochiral layers, centered cell (left, so-called Form II) and fully antichiral packing
(right, Form I). Reproduced from [32] with permission (d) Structural disorder generated
by packing neighboring isochiral helices in an antichiral structure: the b/4 shift of layers
(right) generates a characteristic streak in the optical transform (left) and in the hk0
diffraction pattern (not shown). Reproduced from [31] with permission
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Fig. 5 (a) Diffraction pattern of sPP crystallized in its chiral Form II on p-quinoxalinol.
The presence of reflections characteristic of this form and not observed for Form I con-
firms that the thin film as a whole is mostly in Form II. Chain axis vertical, (110) contact
plane. Reproduced from [32] with permission (b) Illustration of the topographic inter-
actions that induce Form II rather than Form I: the hilly surface of the 2-quinoxalinol
substrate (left, seen parallel to the contact face) can only accommodate the Form II (110)
plane (middle, three chains shown, as seen parallel to the contact plane, chain axis ver-
tical). The (110) plane of Form I (left, also three chains represented) has a profile that is
not compatible with that of the substrate contact face

lection of a unique helical hand in the depositing layer, an unnatural selection
that is further maintained in subsequent layers.

2.5
Epitaxial Crystallization of Syndiotactic Polypropylene, Antichiral Form I

When using a different substrate (p-terphenyl), the epitaxial crystallization
of sPP yields the bc contact plane of the antichiral Form I [33]. This epitaxy
provides a unique opportunity to visualize the helical hand of each and every
stem in a growth plane of a crystal, a technical prowess achieved so far only
for this specific polymer and contact face. The reasons are both conforma-
tional and structural. As already indicated, the chain conformation is helical,
but the helix has a rectangular shape in c axis projection. One side of the rect-
angle is made of the perfectly aligned two CH3s and CH2, which makes it
possible to visualize a fairly big structural entity (a pentane unit seen from the
side, about 9 Å long by 4 Å wide, as evaluated from the van der Waals radii).
This in turn implies that the AFM tip probes a surface made of helices but
a surface that is also perfectly flat. This is at variance with “classical” helices
that are circumscribed in a cylinder. In spite of these favorable features, ob-
taining such an image is not trivial, and is a tribute to Wolfgang Stocker’s
dedication, patience and expertise in using the AFM.
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An unfiltered AFM image of the contact plane is shown in Fig. 6a
(area: about 15 nm by 15 nm). It represents a set of parallel helices that are
best visualized at grazing incidence along their axis (at about seven to one
o’clock). Actually, only one set of helices, all ≈ 11.2 Å apart, is clearly visi-
ble. The helices are left-handed with their stretches of CH3, CH2, CH3 groups
oriented at 10 o’clock, nearly normal to the scanning direction, and tilted at
about 45◦ to the chain axis direction. From the ≈ 11.2 Å periodicity, it is clear
that another set of helices exists, intermeshed between these left-handed he-
lices. The set of right-handed helices is less well resolved, since their CH3,
CH2, CH3 stretches are oriented nearly parallel to the scanning direction.
Nevertheless, the relative shift of the CH3, CH2, CH3 stretches in neighboring
helices is clearly resolved in Fourier-filtered images [33], and is as expected
from the fully antichiral Form I crystal structure of sPP (Fig. 6b, that repre-
sents a small area on the top of Fig. 6a). Also, electron diffraction confirms
that the thin film structure is the antichiral Form I.

Figure 6a shows 36 helices, each of which can be assigned a helical hand. It
also shows that for each and every one of the 36 helices, the two neighboring
helices are antichiral.

What is the probability of forming such a strip of antichiral neighboring
helices, knowing that packing of parallel helices is also possible, and is indeed
observed? If there were no interactions between the depositing stem and the
environment (substrate, neighboring helix), each depositing stem could be ei-
ther right-handed or left-handed; in other words it would have one chance out
of two of adopting the correct helical hand. For 36 chains, there is one chance
in 235 of achieving the observed alternation of helical hands (one chance in
35 billion). Although this reasoning is, on purpose, strictly limited to the sole
stems seen in this AFM image (excluding further lateral growth, and also the
underneath layers), it is more than sufficient to demonstrate that a selection
process of helical hands was operative.

Did this regular alternation of helical hands result from the deposition pro-
cess, or was it generated during post-deposition reorganization (in the solid
state or near-solid state)? Earlier studies on the structure of single crystals
of sPP grown from the melt provide welcome clues. At high Tc, the single
crystals display sharp reflections that indicate a nearly perfect, fully antichiral
Form I crystal structure. The diffraction pattern progressively “deteriorates”
as the crystallization temperature decreases: streaks appear that are parallel
to h10 and h30 and become very prominent for low Tcs. These streaks indicate
a structural disorder whereby some layers (or parts of layers) are shifted by
≈ 2.8 Å, which is half the span of a helix along the b-axis (Fig. 4d). This struc-
tural disorder is itself indicative of mistakes in the deposition of helices on the
bc face, in other words it is a more macroscopic manifestation of the presence
of neighboring isochiral helices in the crystal [31]. Attempts to image such
single defects by AFM have been unsuccessful. Nevertheless, their very exis-
tence indicates that, when trapped in the crystal, a defect in the alternation
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Fig. 6 (a) AFM image of the bc contact face of sPP in its antichiral Form I, epitaxially crys-
tallized on p-terphenyl. Note the strict alternation of right- and left-handed helices (helix
axis at one o’clock). Left-handed helices are better resolved than right-handed helices. Re-
produced from [33] with permission (b) Fourier-filtered image of the upper left area of
part (a) showing more clearly the right-handed helices that alternate with the left-handed
ones. Reproduced from [33] with permission (c) The surface structure of p-terphenyl
used as a substrate for the epitaxial crystallization of syndiotactic polypropylene (parts
(a) and (b)). The top half of the aromatic rings located in the contact plane is shown. Al-
though the dimensional match is acceptable, the chevron-type structure present in this
plane does not correspond to that of the contact plane of sPP shown in parts (a) and
(b): no stagger of the molecules, and horizontal periodicity only half of that of sPP in its
antichiral Form II
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of helical hands is difficult to remove, and leaves a crystallographic “trace”
– a local ≈ 2.8 Å gap in the crystal structure. Conformational and packing
energy calculations confirm that helix reversal in sPP is very costly indeed –
apparently much more so than for iPP – on account of the deep interdigita-
tion of neighboring helices, almost comparable to that of crankshafts (Fig. 4b
and c) [34].

The existence of a structural disorder in sPP generated by fast crystalliza-
tion conditions, and the fact that it does not “heal” during a later stage after
the initial deposition, therefore indicates that the regular alternation of he-
lical hands illustrated in Fig. 6a is the result of a direct deposition process.
In any case, generating a regular alternation of helical hands from an ini-
tially random sequence of helical hands cannot yield the long range order
(at the individual stem scale) demonstrated by Fig. 6a. During reorganization,
the system would soon be trapped in numerous local minima of the energy
landscape also involving neighboring isochiral chains.

What interactions can explain the regular alternation of helical hands of
Fig. 6a? More specifically, is it the p-terphenyl substrate structure that forces
the strict alternation of helical hands? The structure and surface topogra-
phy of the contact plane of p-terphenyl are known. It was selected because
its ab face provides a near-perfect dimensional lattice matching for the bc
face of sPP (a = 8.08 Å, b = 5.60 Å versus c = 7.4 Å, b = 5.6 Å (or more exactly
11.2 Å/2), respectively). The planes of the end phenyl rings that protrude
from the contact plane are oblique to the a axis, which generates a kind of
shifted herringbone pattern (Fig. 6c), at first sight very reminiscent of the
pattern generated by the CH3 – CH2 – CH3 stretches in the facing contact
plane of sPP (antichiral Form I). This similarity is however misleading. In-
deed, the periodicity in sPP is such that neighboring antichiral chains sPP
chains interact with every other layer in p-terphenyl. As a consequence, the
stretches of CH3, CH2, CH3 in successive helices are alternately parallel to
the phenyl rings (a probable favorable situation) and nearly normal to the
phenyl rings (a much less favorable situation). The structure of the sub-
strate does not dictate the alternation of helical hands observed in Fig. 6a
and b. If anything, it would rather call for isochiral helices in the sPP con-
tact plane. The alternation of helical hands therefore results primarily from
interactions with the neighboring helices in the growth layer, which im-
plies a nucleation and growth mechanism with probing of the deposition
site.

To conclude this section, it may be worth reemphasizing a few conclusions
that have been reached.

• The first layer epitaxially crystallized on a substrate of a different nature
has many or all of the features of a normal layer produced in bulk crystal-
lization. AFM imaging of the first layer provides the most direct approach
that can be imagined to visualize the outcome of the crystallization pro-
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cess. In the present context, AFM is a very local investigation technique,
but also a very telling one.

• Electron diffraction used in combination with AFM probes the thickness
of the layer (and therefore the true bulk crystallization). Its results are con-
sistent with those of AFM about the organization of helical hands. Both
techniques indicate that for iPBu1 and sPP, selection processes are at play
for helical hand, that involve the immediate neighborhood of the deposit-
ing stem: substrate topography on which the helix is deposited and/or the
neighboring helix in the growth front.

• Reversal of helical hands is difficult in a crystalline, and probably also a
pseudo-crystalline environment (except for helices with long and flexible
side chains, as considered in the next section). This difficulty is illustrated
by the existence and persistence of structural helix chirality defects in
crystals of sPP. Given this difficulty, it would be virtually impossible to
reconstruct the perfect alternation of helical hands displayed in Fig. 6a
starting from a layer initially made of a more irregular sequence of helical
hands.

3
Helix Chirality in the Melt and its Transfer to the Crystalline Solid

The above reasoning regarding helical hand in the crystal rests on the as-
sumption that the polymer melt is either made of random coils, or that, if
helical stretches exist in the melt, both right- and left-handed helices exist
for chiral but racemic polymers such as isotactic (or syndiotactic) polyolefins.
For random coils, the conformation of the incoming chain would simply have
to adapt to the crystalline substrate structure. When helical stretches do exist,
the sorting-out process described above would have to be fully operative.

A deeper understanding of the crystallization process is desirable and
would be achieved if the helical chain conformation in the melt could be
determined; more exactly, if it were possible to know which helical hand
the chains adopt in the melt, and compare it with that of the crystal that is
formed. This issue is now addressed by considering (a) the evidence that the
polymer melt is indeed organized to some extent – but this does not require
a spinodal decomposition, and (b) the chiral polyolefins mentioned in the
“Introduction”, for which the helical hand in the melt is known, and for which
the helical hand in the crystal is also known.

3.1
Helical Conformations in the Melt?

The existence of helical conformations in polyolefin melts was originally sug-
gested by Garth Wilkes et al in the early 1970s [35]. These authors observed
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that the X-ray diffraction pattern of the melt of isotactic P4MP1 presents
a peak that roughly corresponds to the interhelix distance in the crystal of
P4MP1. They concluded that some segments of the chain in the melt must
be ordered or helical, or at least that the polymer chain has a cross-section
comparable to that of the crystalline state. This may not be totally surprising,
given the fact that the densities of the crystalline and amorphous polymers
differ by less than 10 to 15% – with the notable exception of P4MP1, for which
they are nearly equal. Also, some short-range repetition of trans-gauche con-
formations, imposed by the existence of side-chains in isochiral polyolefins,
may explain why (locally at least) the chain axis repeat distance (the average
progression of the chain along its path) does not differ significantly from that
of a helix. As the interchain distance depends on the square root of the cross-
section, it is not surprising that this average interchain distance in the melt
bears a reasonable correlation with the interhelix distance in the crystal.

This line of research was followed up by Habenschuss et al, who found
similar correlations for a number of polyolefins, ranging from polyethylene
to, again, P4MP1 [36]. They note in particular that the peak is more promi-
nent for the chiral polyolefin variant isotactic P3MP1, a point that will be
discussed later on. In both the more recent and the older works on this topic,
the implicit (or explicit) conclusion is that the polymer melt is organized to
some degree.

It is difficult to draw any firm conclusion about the exact state of the
polymer in the melt based on this sole observation, but clearer cases can be
investigated, as seen next. It is fair to state that in all polyolefins considered
so far, even if the melt is structured to some degree (an issue that it is safer to
leave open at this stage), the helical hands (if they exist) are equally shared be-
tween right and left. If so, the sorting out process developed above should still
apply. Conversely, and this argument has already been developed in an earlier
paper [8], it is difficult to imagine that a racemic polymer melt structure can
yield chiral structures such as the β phase of isotactic polypropylene. Admit-
tedly, β phase crystals probably have complex structures, made of patches or
domains that are antichiral, and each crystal as a whole is a racemic blend of
antichiral patches [37]. However, the generation of two-dimensional patches
of a sufficient size to yield a diffraction pattern characteristic of the chiral
β phase requires an ordering of the chiralities of a number of stems that is
orders of magnitude larger than the above sPP stems deposited in a single
layer of the growth front. Needless to say, in the absence of any selection
process, the odds of succeeding in this endeavor would be accordingly lower.

3.2
Helical Conformations in the Melt

In the search for a better system for determining the helical hand of the
chains both in the polymer melt and in the crystal structure (in the initial and
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final stages of crystallization), we have recently become interested in poly-
olefins bearing a chiral side chain. Work along this line was performed in the
very early days of the development of isotactic polyolefins, and most promi-
nently by Pino, in Milan and later in Zurich, but was not followed up in later
years [14]. Unfortunately, and probably as a consequence of this loss of inter-
est, most of the samples synthesized at that time have been lost. Nevertheless,
we obtained a set of samples from Dr. Peter Neuenschwander, who was a col-
laborator of Prof. Pino in Zurich [38] Work on these materials is still under
way in our laboratory in collaboration with Dr. Buono in Naples. The early re-
sults of this study are worth reporting, since they appear highly relevant to the
present discussion.

Only two types of polymers are considered here. These are isotactic
poly(5-methyl-hexene-1) (P5MH1), with a non-chiral side chain (for the sake
of comparison) and mainly isotactic poly(4-methyl-hexene-1) (P4MH1). The
side chain of the latter polymer is chiral since the two substituents of the
carbon in the β position are a methyl and an ethyl group. Polymers that are
made only of the S or the R conformers – in other words the true chiral poly-
mers (P(S)4MH1 and P(R)4MH1), the racemic copolymer of the (R) and (S)
monomers (P(R, S)4MH1) and of course the racemic blend of the two enan-
tiomeric polymers – are available.

The crystal polymorphism of the chiral but racemic P5MH1 is, to some
extent, very reminiscent of that of isotactic polypropylene. It exists in two
crystal modifications. One crystal modification is stable at high temperature,
and was observed early on by Corradini et al [39]. Its structure has been
redefined as a chiral, frustrated one based on a trigonal cell with three three-
fold helices per cell. We have also discovered a second crystal modification
produced from solution. It has an orthorhombic unit cell that contains four
chains in – again – three-fold helical conformation, for which one must as-
sume coexistence of two right- and two left-handed helices. Contrary to the
α and β phases of iPP, the frustrated structure of poly(5-methyl-hexene-1) is
the more stable one [40].

Isotactic poly(4-methyl-hexene-1), with its chiral side chain, is a represen-
tative example of a class of polymers that display a so-called “macromolecular
amplification of chirality”, in the words of Green et al [14]. Mark Green has
illustrated this chiral amplification with poly(isocyanates), but acknowledges
the early investigations and insights resulting from the pioneering work of
Pino and his coworkers on isotactic polyolefins with chiral side chains, in
short chiral isotactic polyolefins. For these polymers, the chiral side chain in-
duces a slight preference for a given main chain conformation. The slight bias
towards one conformation is amplified cooperatively in the main chain, and
induces a preferred main chain helical hand. The preferred helicity is man-
ifested by unusual optical properties of the polymer melt and solution. The
polymer has an optical rotary power (per monomeric unit) that is signifi-
cantly larger and sometimes opposite to that of the monomer. The sign of the
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Fig. 7 DSC melting and crystallization curves of isotactic poly(S)-4-methyl-hexene-1. Note
the two melting peaks (at 193.5 and 227.4 ◦C, respectively, ∆H ≈ 2.5 and 1.5 cal/gram)
and two crystallization peaks (at ≈ 201 and ≈ 120 ◦C, respectively; same ∆H), as well as
the significant temperature gap (≈ 74 ◦C) between the lower crystallization and melting
processes. (From [44])

optical rotation helps determine the hand of the helices – for P(S)4MH1, the
helices are left-handed.

The crystal structures and indeed the whole phase diagram of P4MH1 are
still under investigation, and are not yet fully elucidated. However several in-
teresting results were obtained during the early experiments performed in the
1960s and 1970s. For example, Corradini et al established the crystal structure
of P(S)4MH1; it is a tetragonal cell with four chains in 72 helical conforma-
tion [41]. Again, the presence of four chains in the cell suggests the coexis-
tence of left-handed and right-handed helices. P(S)4MH1 is therefore a chiral
polymer that is known to have a preferred or dominant helical conformation
in the melt (or solution) and yet crystallizes in an antichiral crystal structure.
Moreover, results by Pino and his coworkers [42, 43] on the phase diagram,
corroborated by our own results, indicate a complex crystallization and melt-
ing behavior (Fig. 7). On heating, two melting peaks are observed at 193 and
227 ◦C. On cooling P(S)4MH1 first produces a liquid crystalline, presumably
chiral phase (peak at 201 ◦C). Transformation to the stable antichiral phase
requires a reversal of helical hand of one stem out of two. Apparently, the sta-
bility of the helix form (as a result of the amplification of chirality) delays this
transformation process down to about 120 ◦C. Moreover, the crystal phase
is generated by a liquid crystal-crystal transformation, resulting in up to
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three different orientations of the newly-formed tetragonal unit cell from the
parent hexagonal one [44]. These different crystal orientations have already
been observed for polyethylene after a transformation from a hexagonal to
an orthorhombic cell symmetry [45]. As already indicated in an earlier con-
tribution [8], the existence of different, crystallographically-related unit cell
orientations of the final crystal form is probably one of the strongest pieces
of evidence indicating a two-step crystallization process, in other words the
existence of a pre-ordered phase (presumably liquid crystalline-like).

Preliminary results obtained with the racemic P(R, S)4MH1 (the random
copolymer of the R and S enantiomeric monomers) and of the racemic blend
of P(S)4MH1 and P(R)4MH1, indicate a more conventional crystallization be-
havior: crystallization of the tetragonal form takes place in the upper Tc range
(≈ 183 and ≈ 191 ◦C, respectively), presumably because both left- and right-
handed helices (or helical stretches) are available at that temperature, whereas
melting occurs at ≈ 211 and ≈ 214 ◦C.

In the debate about existence of pre-ordered states in the polymer melt,
as advocated recently, polyolefins with chiral side chains may well become
a major investigation tool. Indeed, the macromolecular amplification induces
a pre-organization, or at least a preferred helical conformation in the polymer
melt or solution. As such, these polymers display very precisely the behavior
that is assumed by some of the recent crystallization schemes or scenarios.
Furthermore, for the P4MH1 systems considered so far at least, the confor-
mationally racemic character of the stable crystal structure implies that half
of the stems must change their helical hands at some stage in the crystalliza-
tion process – which may greatly delay the formation of this stable crystal
structure, as illustrated by P(S)4MH1.

Polyolefins with chiral side chains are systems highly adapted to investi-
gating details of the crystallization process. Indeed, Pino et al have shown
that the macromolecular amplification of chirality is actually tunable [46].
For example, substitution closer to the main chain enhances the trend for
generating helical structures: P3MH1 exists in a liquid crystalline form up to
400 ◦C (up to its thermal degradation). Conversely, the tendency to form he-
lices can be softened. Indeed conventional polymers can be induced to form
helices of a given sense through copolymerization with a small fraction of
a chiral comonomer. The tendency to form these helices can be monitored by
adjusting the comonomer composition [47].

Although most of the initial polymers and copolymers are no longer avail-
able, these systems should help us to investigate the details and structural
consequences of a pre-ordering of the polymer melt, or the formation of a
precursor crystal in polymer crystallization. From the present and as yet still
sketchy results, it appears however that: (a) if a crystal phase results from
the transformation of a liquid crystal phase (usually of hexagonal symme-
try), different orientations of the crystal unit cell are likely, which is not
observed in conventional polymer crystallization (for example, in polyethy-
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lene spherulites the b axis is radial, whereas three different orientations would
be expected if a liquid crystal phase (even if transient) had been involved),
and (b) production of a final crystal phase from a polymer melt that is struc-
tured (at least at the level of helical stems) is possible, as confirmed, for
instance, by the crystallization of the racemic blend of P4MH1. Moreover, the
fact that the racemic polymer and the blend of enantiomers both display only
one crystallization peak at a temperature that corresponds to the onset of li-
quid crystallinity in the chiral polymer suggests that, in the present system,
crystallization in the final crystal form may well be triggered or induced by
the development of the liquid crystalline phase – which would correspond to
the scheme advocated by Strobl. A structural analysis of the resulting phase
(one, or several orientations of the unit cell axes, etc) should help establish
whether or not a transient phase was at play in the process.

4
Conclusion

This contribution has attempted to show that, although crystallization of
polymers is indeed a complex process governed by a number of variables,
analysis of the resulting crystal structure suggests that the ultimate step of
this process is a relatively simple adjustment of the incoming stem to the
crystalline growth front. Indeed, ultimately any crystallization boils down to
the sum of very local processes. In polymer crystallization, the elementary
building block is the stem that spans the lamellar thickness. For these stems,
and for these stems only, the constraints put on successful deposition can be
clearly identified. They are mainly geometric or conformational: stem length
and, for chiral but racemic polymers, helical hand.

The helical hand of the individual stems in chiral but racemic polymers
is a very severe and therefore critical criterion in the crystallization process.
The constraints apply for each stem and are dictated by the symmetry of the
unit-cell. Contrary to the stem length (which, if incorrect, can be healed or
adjusted by later structural reorganization), helix chirality involves a “flip of
a coin” type of decision – right- or left-handedness.

On a macroscopic scale, the adjustment of helical hand is an indisputable
feature. Indeed, the very fact that different crystal structures (either con-
formationally chiral or racemic) can be formed from the same initial melt
(whether structured or not by, for example, spinodal decomposition) indi-
cates that this selection of helical hand is operative. Even more demonstrative,
the occurrence of mistakes in the adjustment of helical hands can have a pro-
found impact on the growth process. For example, the formation of a suffi-
cient patch of isochiral helices in the antichiral α phase of iPP may induce
a growth transition to the chiral β phase. The rarity of such growth transi-
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tions indicates that the selection of helical hands is not only operative, but is
also very strict.

On a more microscopic scale, the present contribution has shown that
the selection of helical hands can be demonstrated, and actually visualized,
by combining appropriate preparation and investigation techniques, namely
epitaxial crystallization, Atomic Force Microscopy and electron diffraction.
Observation by AFM of individual layers – the first layer deposited on the
crystalline substrate – and even, in these layers, of each helical stem, is the
closest approach to the selection of helical hand that is conceivable and
achievable. This direct observation indicates that the incoming stems can
read the helical hand that is set by the substrate (isochirality of the first layer
of iPBu1) or can adapt to an unnatural substrate topography by adopting
a different crystal modification (isochiral Form II of sPP). The results ob-
tained with sPP crystallized on p-terphenyl are even more telling. The strict
alternation of helical hands observed in a relatively short stretch of a single
layer made of thirty-six stems helps evaluate the very slim chances that any
crystal structure displaying some regularity is the result of a rearrangement
of an initially disordered structure. This would be the case for precursors
(bundles, spinodal decomposition) of the polymer crystal that are formed in
the melt, and as such are not submitted to the constraints of crystal symme-
try, or have not yet probed the growth face. Conversely, the results presented
here reinforce, in our view, the more classical crystallization scheme de-
scribed as a “nucleation and growth” process. It emphasizes the individuality
of the stems as opposed to the macromolecule, as is the case for the more
recent schemes.

Finally, we have attempted to evaluate the possible impact of an interme-
diate liquid crystalline phase and the possibility of “transfer of helical hand
information” from the melt to the crystal throughout this process. Assuming
that the melt is structured, the melt of chiral but racemic polyolefins would
be made of stretches of helical stems that are equally partitioned between
left- and right-handed helices. Formation of antichiral structures (such as in
α iPP) could be interpreted as indicating a possible transfer of information
(but the problem of the sequence of helical hands would still remain). This
analysis is, however, ruined by the observation that many of these polymers
also form chiral structures (frustrated β phase of iPP, Form III of iPBu1). For
the achiral poly(5-methyl-pentene-1), the chiral, frustrated phase is actually
the more stable one, and can be obtained by melting and recrystallization of
a less stable antichiral phase.

A novel approach (or more exactly a revival and extension of an old ap-
proach) has been suggested in order to evaluate the transfer of helix chirality
information from the melt to the crystal. It rests on the use of polyolefins
that bear a chiral side chain. These polyolefins display a chiral amplifica-
tion which, in the present context, provides us with the possibility of finding
out whether helices with a preferred hand exist in the melt, and of pinpoint-
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ing the precise helical hand. This investigation is still under way and will be
developed in the future. Preliminary results obtained in our laboratory cor-
roborate earlier observations by Pino and coworkers [43] who suggested that
these polymers form liquid crystalline phases prior to the final crystallization.
The structural consequences of such a two-step process can thus be evaluated
in the real world. Present results suggest that a two-step process involving
a transition or transformation between a liquid crystal phase and a crystal
do – again – result in different orientations of the unit-cell of the latter, which
is not generally observed in polymer crystallization.

Polymer crystallization is, almost by design, a messy process, given the
constraints set by entanglements and so on. However, observation of the re-
sulting crystal structure at a local scale suggests that a significant level of
structural order is generated: AFM observations of the first polymer growth
strips deposited by epitaxial crystallization on foreign substrates indicate
a stringent selection (adjustment) process for the substrate structure. As as-
sessed by electron diffraction, this selection process also takes place in the
subsequent layers – that is, in the bulk. The level of organization reached
appears to us incompatible with a reorganization of an initially (more) dis-
ordered precursor structure. The level of organization appears more compat-
ible with a more classical nucleation and growth process during which the
incoming stem probes the substrate surface and structure. Clearly however,
the nucleation and growth processes advocated here can and must only be
considered as representative ones, or more exactly, the most representative
ones that further leave a material trace in the final structure.

To conclude, it must be stated again that the present views derive from
a strictly structural analysis of the crystal structure that is generated during
the crystallization process, and moreover this analysis has been made at the
level of individual stems. As a rule, such a structural analysis is more sensi-
tive to order than to disorder (which is usually manifested at a more global
scale, in the form of streaks or broadening of reflections). The local scale
analysis developed here may therefore emphasize or overemphasize the struc-
tural regularity of the final lamellar structure. In a balanced evaluation of the
possible processes contributing to polymer crystallization, this possible bias
towards crystallographic order (taken here as supporting evidence for a nu-
cleation and growth process) must be taken into account. It is fully possible
that, under appropriate or specific circumstances, different mechanisms are at
play – they are certainly at play for deep quench, when the helical hand selec-
tion processes can no longer be operative, and which generates for example
the smectic phase of isotactic polypropylene. Conversely, and this is the main
message of the present contribution, the newer schemes cannot ignore, and
must explain the high level of structural (crystalline) order generated by the
crystallization process. These schemes have so far mainly emphasized the ini-
tial stages of the process, and are indeed compatible with evidence indicating
some form of structural ordering in the melt. They have not, however, con-
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sidered the final stages with as much care, namely the stem-by-stem build-up
(or ordering) of the crystal structure. If this ordering is left to as yet little un-
derstood reorganization processes in a preexisting structure (involving, for
the polymers considered here, reversal and adjustment of helical hands in
an initially random, conformationally racemic structure, in addition to the
better understood adjustment of stem length), the scenario, or possibly the
multiple scenarios of polymer crystallization become much more involved
than initially thought, and will require many more investigations. The “nucle-
ation and growth” process appears comparatively simpler and more directly
appealing when analyzing, as performed here, the stem organization of the
resulting polymer crystal structures.
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Abstract Recent extensive experimental work and the limited theoretical studies of the
phenomenon of self-poisoning of the crystal growth face are reviewed. The effect arises
from incorrect but nearly stable stem attachments which obstruct productive growth. Ex-
perimental data on the temperature and concentration dependence of growth rates and
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the morphology of long-chain monodisperse n-alkanes from C162H326 to C390H782 are
surveyed and compared to some previously established data on poly(ethylene oxide) frac-
tions, as well as on polyethylene. The anomalous growth rate minima in both temperature
and concentration dependence of growth rates are accompanied by profound changes in
crystal habits, which have been analysed in terms of growth rates on different crystal-
lographic faces, and in terms of separate rates of step nucleation and propagation. In
some cases non-nucleated rough-surface growth is approached. The phenomena covered
include “poisoning” minima induced by guest species, the “dilution wave” effect, auto-
catalytic crystallization, pre-ordering in solution, two-dimensional nucleation, and the
kinetic roughening and tilt of basal surfaces.

Keywords Polymer crystallization · Nucleation · Long alkanes · Surface roughness ·
Curved faces

Abbreviations
A Stem attachment rate
a0, b0 Unit cell parameters
AFM Atomic force microscopy
B Stem detachment rate
b Width of a molecular chain
E Extended chain form (= F1)
F2, F3, . . ., Fm “Integer forms” with chains folded in two, three etc.
∆F Overall free energy of crystallization
φ Chain tilt angle with respect to layer normal
ϕ Obtuse angle between (110) and (– 110) planes in alkane and polyethylene

crystals. ϕ/2 = tan–1(a0/b0)
∆φ Bulk free energy of crystallization
G Crystal growth rate
∆hf Heat of fusion
i Rate of initiation (secondary nucleation) of a new row of stems on crystal

growth face
IF Integer folded
K Slope of the linear dependence of G on ∆T
L Chain length
l Length of straight-chain segment traversing the crystal (stem length)
lSAXS SAXS long period
LH theory The theory of Lauritzen and Hoffman
m = L/l Number of folds per chain + 1
Mn Number average molecular mass
n Number of monomer repeat units per chain (e.g., number of carbons in an

alkane); also reaction order
NIF Non-integer folded form
PE Polyethylene
PEO Poly(ethylene oxide)
q Modulus of the wavevector, q = 4π(sin θ)/λ, where θ is half the scattering

angle and λ is radiation wavelength
SANS Small-angle neutron scattering
SAXS Small-angle X-ray scattering
σ Side-surface free energy
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σe End- or fold-surface free energy
Tc Crystallization temperature

T
Fx–Fy
c Growth transition temperature between two successive folded forms (e.g.,

TE–F2
c is the temperature of transition between extended (E) and once-

folded (F2) chain growth)
Td Dissolution temperature
Tm Melting temperature
TR Roughening transition temperature
∆T Tm – Tc or Td – Tc = supercooling
v Rate of step propagation on a crystal growth face (often also referred to

as g)

1
Introduction

Polydispersity has often been an obstacle to obtaining reliable data on which
to base a good understanding of polymer crystallization. The first monodis-
perse oligomers showing chain folding were long normal alkanes synthesized
in 1985 independently by Bidd and Whiting [1] and by Lee and Wegner [2].
Whiting’s method has subsequently been perfected and extended to long
alkane derivatives by Brooke et al. [3]. Recently, monodisperse oligomers
of aliphatic polyamides [4, 5] and poly(hydroxybutyrate) [6] have also been
synthesized. Studies on the morphology and crystallization of model poly-
mer systems, including both monodisperse and fractionated linear and cyclic
oligomers, have been reviewed recently [7]. A balanced general overview of
polymer crystallization theories can be found in [8].

The present article reviews a particular aspect of the crystallization mech-
anism of long-chain molecules, termed self-poisoning, which has come to
light in studies on long alkanes. The effect is closely related to the so-called
pinning, which is a key feature of the “roughness-pinning” theory of polymer
crystallization. Recent crystallization studies are highlighted. Information
from recent and ongoing work adds new detail to the picture of the events
at lateral crystal growth surfaces. The issue of kinetic roughness of the basal
lamellar surface is also addressed.
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2
Quantized Stem Lengths

2.1
Integer and Non-Integer Folding

Monodisperse oligomers long enough to exhibit chain-folded crystallization
have been shown to favour integer folding, i.e. such conformations which
ensure the location of chain ends at the crystal surface. This applies to
all such oligomers studied so far, i.e. long alkanes [9], polyamides [5] and
poly(hydroxybutyrate) [6]. It is also prominent in narrow molecular weight
fractions of poly(ethylene oxide) (PEO, see Sect. 2.2 and Sect. 4.3.4). Figure 1
lists the observed conformations in a series of solution-crystallized alka-
nes [9]. Figure 2 illustrates graphically the quantization of lamellar thickness
by showing the evolution of the small-angle X-ray scattering (SAXS) curve
of n-alkane C390H782 initially folded in five (F5) during continuous heating.
Stepwise crystal thickening through successive integer forms Fm is observed,
with the long period lSAXS adopting values equal to (L/m) cos φ, where L is the
extended chain length and φ is the chain tilt relative to the layer normal. The
integer m successively decreases from 5 to 2. Figure 3 shows edge-on lamel-
lae of C390H782 on graphite, initially in F4 form, thickened after annealing at
120 ◦C to F2 and then at 130 ◦C to the extended-chain form (E) [10].

The lSAXS = (L/m) cos φ relationship applies strictly only to solution-
grown crystals, while melt crystallization initially produces a transient non-
integer form (NIF), where m is a fractional number [11]. However, even in
NIF, at least in the case of alkanes, the straight-chain stems do not assume
fractional lengths. Where 1 < m < 2, the crystalline stem length is still exactly
L/2, but the crystalline layers are separated by amorphous layers containing
loose ends (cilia) belonging to chains which are not folded in two but which

Fig. 1 Integer folded (IF) forms observed in long n-alkanes C102H206 through C390H782.
For a given alkane more folds per molecule are obtained with increasing supercooling ∆T
(from [7] with permission of American Chemical Society)
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Fig. 2 Series of SAXS intensity functions recorded during heating of solution-crystallized
n-C390H782, initially in F5 form, and refolding through F4 and F3 to F2 (see symbols)
(from [7] with permission of American Chemical Society)

traverse the crystal layer only once. This semicrystalline structure of the
NIF has been determined by electron density reconstruction from real-time
synchrotron SAXS data [12], backed by real-time Raman LAM (longitudinal
acoustic mode) spectroscopy [13] and static [14] and real-time [15] small-
angle neutron scattering (SANS) on end-deuterated alkanes. The transient
NIF transforms subsequently to either extended-chain (E), once-folded chain
(F2) or a mixed-integer folded–extended (FE) form [13] (see Fig. 4).

From the point of view of understanding crystal growth and morphology,
the above structure of the NIF means that under any circumstance, whether
forming from solution or from melt, the stem length in monodisperse alkane
crystals is quantized.

Fig. 3 Edge-on lamellar crystals of C390H782 on graphite, initially in F4 form, thickened
after annealing at 130 ◦C to the extended-chain form (after [10])
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Fig. 4 Paths to integer folded forms in long alkanes. While solution crystallization gives
integer forms (E, F2, . . .) directly, for melt crystallization this is true only for the E form.
Below the melting point of F2, the transient non-integer form (NIF) appears and subse-
quently transforms isothermally either to the once-folded F2 form or the mixed-integer
folded–extended (FE) form, based on layer triplets. Deuterium- labelled chain ends, pre-
pared for neutron scattering experiments, are indicated with circles

2.2
Growth Rate of Crystals with Preferred Thicknesses

In all kinetic theories of polymer crystallization [8] the crystal growth rate G
is given by:

G = A
(
1 – B/A

)
(1)

This general form of G is the solution of a set of simultaneous equations de-
scribing a steady state of successive depositions of units at rate A and their
detachment at rate B. The first factor in Eq. 1 is the “barrier” factor, deter-
mined by the barrier to deposition of the unit, while the term in brackets is
the “driving force”, or “survival” factor. In the coarse-grain secondary nu-
cleation theory of Lauritzen and Hoffman (LH) [16, 17], the barrier factor
is the rate A0 of deposition of the first stem in a new layer of stems on the
growth face (Fig. 5). According to LH the main barrier is the excess side- sur-
face free energy 2blσ for the creation of the two new surfaces either side of the
single-stem nucleus. Thus

A0 = β e– 2blσ
kT e– 2b2σe

kT

where β is the pre-exponential factor, σ and σe are the side- and end- (fold-)
surface free energies and b is the width of a chain. For subsequent stems in
the surface patch

A = β e– 2b2σe
kT
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Fig. 5 Chain deposition on the side surface of a polymer crystal. σ and σe are side-surface
and end- (fold-) surface free energies, and b is the width of the chain (after [16])

The detachment rate of a stem is

B = β e– 2b2∆φ
kT

where ∆φ is the bulk free energy of crystallization, equal to ∆T∆hf/Tm
(∆hf is the heat of fusion, and ∆T = T0

m – Tc the supercooling, with T0
m the

equilibrium melting temperature).
Thus from Eq. 1,

G = β e– 2blo
kT e– 2b2σe

kT

(
1 – e–

2b2l∆hf∆T
kTTm

)
(2)

The barrier factor, i.e. the expression before the bracket, decreases exponen-
tially with increasing stem length l and the driving force factor (the term
in brackets) increases with l (see Fig. 6). The product G has a maximum at
an l value which is considered as the kinetically determined lamellar crys-
tal thickness in polydisperse polymers. G becomes positive at the minimum
stable fold length lmin:

lmin =
2σeTm

∆hf∆T
(3)

Since in monodisperse oligomers l adopts only discrete values L/m, the
G(l) curve is sampled only at these allowed stem lengths, as illustrated
schematically in Fig. 6 for l = L and l = L/2. For modest undercoolings, chang-
ing the crystallization temperature affects only the driving force factor, as
shown in Fig. 6 for three temperatures T′ > T′′ > T′′′. At T′ and T′′, lmin > L/2,
hence only extended-chain crystals can grow. However, once lmin < L/2, the
growth rate of once-folded chain F2 crystals becomes positive and, due to the
higher attachment rate A0, it increases steeply with increasing ∆T to overtake
the growth rate of extended chains.

Studies on PEO fractions in the molecular weight range between 1500 and
12 000 have shown [18] that the slope of the increasing crystal growth rate
with supercooling dG/d(∆T) does indeed increase abruptly at a series of spe-
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Fig. 6 The “barrier” factor, which is equal to A0 in LH theory, and the “driving force”, or
“survival” factor (1 – B/A) of the growth rate as functions of stem length (schematic). A0,
A and B are rates of attachment of the first and subsequent stems, and rate of detachment,
respectively. The (1 – B/A) factor is drawn for three temperatures T′ > T′′ > T′′′. Vertical
rectangles show growth rates for discrete integer folded forms E and F2 of a monodisperse
oligomer

cific crystallization temperatures T
Fx–Fy
c . These mark the transitions between

the growth of E and F2 crystals, or between F2 and F3 crystals, etc. Figure 7
shows the temperature dependence of the growth rate from the melt normal
to the {010} lateral face for five sharp low molecular weight fractions and for
an unfractionated polymer (note the log rate scale). The breaks in the slope at
T

Fx–Fy
c are particularly pronounced in low molecular weight fractions and are

completely lost in the polymer. As discussed above with reference to Fig. 6,
the existence of such sharp increases in dG/d(∆T) is, at least qualitatively,
entirely predictable by the secondary nucleation theory once quantization of
lamellar thickness is recognized. Considering the dilution of folds by chain
ends, the supercoolings at which growth transitions occur, relative to the
melting point of extended chains, are given by [19]

∆Tm
c =

2σe(∞)Tm

∆hf

(
m – 1

m

)/[(
L
m

)
– δ

]
(4)

Here, σe(∞) is the fold-surface free energy for L = ∞ and δ is a small constant,
reflecting the fact that some finite supercooling is required for crystal growth.
In the case of m > 1, δ also accounts for the additional supercooling necessary
for G(Fm) to overtake G(Fm–1) (see Fig. 6).

For polymer crystals of fixed fold length l, or for alkane crystals in a given
Fm form, the slope dG/d(∆T) should be constant within the limited tem-
perature interval that is accessible for measurement [20]. The expansion
of the supercooling-dependent factor in brackets in Eq. 2 gives the above-
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mentioned linear relationship on supercooling

G = K
(
TFm

m – T
)

where

K =
b2l∆hf

kTTm
β e– jblo

kT e– 2b2σe
kT (5)

According to the LH theory, depending on whether mononucleation (Regime I)
or polynucleation (Regime II) is involved, j is equal to 2 or 1, respectively [20].

Indeed, when plotted on a linear scale, the growth rate G vs. ∆T de-
pendence in Fig. 7 does not deviate much from linearity for a given value
of m [21]. However, linear G vs. ∆T is also consistent with the alternative
roughness-pinning polymer crystallization theory of Sadler [22]. According
to this theory, the difference between nucleation and growth of molecular
layers on the growth face is negligible and the growth surface is rough rather
than smooth.

On closer scrutiny the crystal growth data for PEO fractions deviate some-
what from those expected from secondary nucleation theory; there were
departures from linearity of G vs. ∆T just above the T

Fx–Fy
c transition tem-

peratures [21, 23–25] (see also Sect. 4.3.4) and the value of σ derived from
the kinetics was therefore inconsistent, reaching unexpectedly low values of
around 2 mJ/m2, as compared to an accepted value around 10 mJ/m2 [23].
Kovacs and Point thus argued that the LH theory had serious flaws.

Fig. 7 Temperature dependence of growth rate GH of {010} faces of single crystals and GR
of spherulites for five low molecular weight fractions and a polymer of PEO (from [18] by
permission of John Wiley & Sons)
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3
Manifestations of Self-Poisoning

3.1
Minima in Temperature Dependence of Growth Rate

3.1.1
Self-Poisoning in Melt and Solution Crystallization

Crystallization rate experiments on monodisperse n-alkanes have shown
a picture rather different from that in PEO. Not only is there a sharp in-
crease in dG/d(∆T) at the transition between extended and once-folded (or
NIF) crystallization mode (TE–F2

c ), but the dG/d(∆T) gradient actually be-
comes negative as TE–F2 is approached from above [26]. This was found to
occur both in crystallization from melt [26] and from solution [27], and it
applies both to crystal growth and primary nucleation [28]. In the early stud-
ies [26, 27] only the evolution of the bulk crystalline fraction was monitored.
More recently growth rates have been measured directly using phase and
interference contrast microscopy of both melt and solution crystallization.
Due to the high growth rates of alkane crystals, accurate measurements over
a reasonable range of ∆T values was made possible only through the use of
low-inertia temperature-jump cells [28, 29]. Figure 8 shows the growth rate

Fig. 8 Isothermal crystal growth rates along [010] (Gb) and [100] (Ga) for alkane C210H422
from the melt as a function of temperature [30]
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dependence on temperature in two perpendicular directions, along [100] (Ga)
and along [010] (Gb), for single crystals of n-alkane C210H422 grown from the
melt [30]. The figure covers the entire extended-chain range. At small super-
cooling both rates increase with ∆T, but then they reach a maximum. On
further decrease in Tc the rates decrease to a very low value at the transi-
tion to folded-chain growth TE–F2

c . At still lower Tc the rates increase steeply
(indicated by arrows) as crystallization in the NIF takes over with l = L/2.
NIF production in melt crystallization below TE–F2

c has been confirmed by
real-time SAXS [26, 31].

Figure 9 is an example of similar growth rate behaviour in solution crys-
tallization, showing G110 (here G110 = Gb cos γ ), see Fig. 10) and G100(= Ga)
for C246H494 in n-octacosane [29]. The figure also shows typical crystal habits
observed at selected crystallization temperatures.

To help the reader unfamiliar with polyethylene single crystal habits,
Fig. 10 summarizes the most typical types [32]: (a) the rhombic lozenge,
normally observed in PE solution crystallized at lower temperatures; (b) the

Fig. 9 Initial rates of growth of C246H494 crystals normal to {110} and {100} planes,
G110 and G100, versus crystallization temperature from an initially 4.75% solution in oc-
tacosane. The associated interference optical micrographs show typical crystal habits
recorded in situ during growth from solution at selected temperatures. The experimental
G values are averages over many crystals (from [29] by permission of American Chemical
Society)
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Fig. 10 Four common types of crystal habit in polyethylene and long alkanes: (a) rhombic
lozenge bounded by {110} facets; (b) lozenge truncated by curved {100} faces (Toda’s
type B); (c) leaf-shaped crystal bounded solely by curved {100} faces (step propagation
rate v equals h = G110/ sin(ϕ/2)); (d) lenticular crystal (Toda’s type A) bounded partly by
curved {100} and partly by non-crystallographic faceted tangents (h > v)

truncated lozenge with curved {100} faces, observed in crystals grown from
PE solution at high temperatures and from melt (Type B [33]); (c) leaf-shaped
crystals bounded solely by the two curved {100} faces; and (d) lenticular
crystals with {100} faces curved in the middle and with straight tangents con-
verging to pointed ends, observed often in melt-crystallized PE (Type A crys-
tals [33]).

The rate minimum at TE–F2
c has been observed in a number of alkanes from

C162H326 to C294H590 [34–37]. In alkane C294H590, where the crystallization
rate from solution is sufficiently low for TF2–F3

c to be accessible, a crystalliza-
tion rate minimum has been observed between the once-folded and twice-
folded growth intervals [38, 39]. A series of minima, including that at TF3–F4

c ,
have been observed in C390H782 (see Sect. 5.2). A weak minimum at TE–F2

c
has also been reported in the melt crystallization of a methyl-terminated PEO
fraction [40].

The negative dG/d(∆T) observed in alkanes has been attributed to an ef-
fect termed “self-poisoning” [26]. This proposed mechanism takes account of
the fact that chains wrongly attached to the crystal surface may hinder fur-
ther growth. This blocking, or “pinning”, may be overlooked in polymers, but
in monodisperse oligomers it becomes very pronounced when, for example,
the once-folded-chain melting point TF2

m is approached from above. Although
only extended-chain depositions are stable, close to TF2

m the lifetime of folded-
chain depositions becomes significant. Since extended chains cannot grow on
a folded-chain substrate [18], growth is temporarily blocked until the folded-
chain overgrowth detaches. At TF2

m itself, the detachment rate of folded chains
drops to the level of the attachment rate and the entire surface is blocked
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for productive extended-chain growth. The self-poisoning mechanism will be
elaborated further below.

3.1.2
Extraneous Poisoning Minima in Binary Alkanes

Recently, a new type of growth rate minimum has been induced above TE–F2
c

in the melt crystallization of several n-alkanes by the admixture of a shorter
alkane with a melting point between TE

m and TF2
m of the host [7, 31]. Figure 11

illustrates this by using the example of a 75 : 25 (w/w) mixture of C162H326 and
C98H198. As seen, there is a general retardation in growth compared to crys-
tallization of pure alkane C162H326, a fact also reported by Hosier et al. [41].
However, here a relatively small but reproducible minimum is also observed
at 116 ◦C, in the middle of the extended-chain growth range of C162H326;
this temperature coincides with the melting point of C98H198. The negative
dG/d(∆T) slope above 116 ◦C is in this case not due to self-poisoning, but
rather to poisoning by the C98H198 chain attachments which are nearly stable
just above the Tm of C98H198 and are thus blocking the growth face of the host
crystals. Below the temperature of the minimum there is no drastic increase
in dG/d(∆T) since (a) C98H198 cannot grow rapidly as a minority compon-
ent, and (b) the growth is retarded by folded-chain C162H326 depositions due
to the proximity of TE–F2

c of C162H326. Indeed, below TE–F2
c = 112.5 ◦C there

is a very steep increase in G as chain-folded crystallization of C162H326 takes

Fig. 11 Crystal growth rate Gb vs. temperature for a 75 : 25 w/w mixture of C162H326 and
C98H198. The “poisoning” minimum at the melting point of C98H198 (116 ◦C) is seen. The
steep increase in G below 112.5 ◦C (out of scale) is due to the transition to once-folded
C162H326 growth (from [31])



58 G. Ungar et al.

over, incorporating the guest C98H198 chains in the semicrystalline NIF-type
structure described in [42] and [43].

Similar poisoning minima are also observed in some other binary alkane
mixtures [30].

3.2
Anomalies in Concentration Dependence of Growth Rate

3.2.1
Negative-Order Growth Kinetics and Autocatalytic Crystallization

Another manifestation of self-poisoning is the anomalous negative- order
kinetics of crystallization from solution. In long alkanes there is a super-
saturation range in which the crystal growth rate actually decreases with
increasing concentration c [44, 45]. For n-C246H494 this range is from 0.5 to
ca. 2.3% at the particular crystallization temperature of the experiment in
Fig. 12 [45]. Both at lower and at higher concentrations the slope dG/dc is
positive. The position of the minimum on the concentration scale shifts as
Tc is changed. To the left of the minimum extended-chain crystals grow, and
to the right of the minimum the growth is in the once-folded F2 form. In
the range of negative dG/dc slope, the reaction order drops to as low as – 5
to – 6. Similar behaviour has been reported for C198H398 crystallization from
phenyldecane [44], and is also observed in other n-alkanes.

Fig. 12 Initial growth rates G110 and G100 vs. solution concentration of C246H494 in octa-
cosane at 106.3 ◦C. Solid symbols: extended chain; open symbols: once-folded chain
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Fig. 13 Size vs. crystallization time for a C246H494 crystal growing from an initially 4.75%
solution in octacosane at 108 ◦C. da and db are crystal dimensions along the [100] (width)
and [010] (length) directions

Fig. 14 Binary phase diagram for C246H494 in octacosane. The top curve shows the equi-
librium liquidus for extended-chain crystals, and the bottom line the metastable liquidus
for once-folded crystals. Experimental dissolution temperatures are fitted to the Flory–
Huggins equation with χ = 0.15 (solid lines). Vertical dotted lines (a) and (b) indicate the
concentrations at which the growth rates were determined as a function of Tc in [29]. Ho-
rizontal dotted lines indicate the temperatures at which the rates were determined in [45]
as a function of concentration. G(c) at Tc = 106.3 ◦C, measured along line (c), is shown in
Fig. 12. The shading indicates schematically the crystal growth rate (black = fast), and the
dashed line the position of the growth rate minimum
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One consequence of the negative-order kinetics is autocatalysis of the crys-
tallization process. If the initial concentration is higher than that of the rate
maximum, crystal growth will accelerate initially as the concentration de-
creases. This is illustrated in Fig. 13. Once past the concentration of the
growth-rate maximum, the rate drops off. Interestingly, the positions of steep-
est slope in the time dependencies of crystal length and width do not coincide
(Fig. 13), as the positions of the maxima in G110 and G100 differ (Fig. 12).

The G(c) minimum can be easily related to the G(T) minimum if one con-
siders the alkane–solvent phase diagram. For C246H494 in octacosane this is
shown in Fig. 14. The growth rate at any particular position in the phase
diagram is indicated schematically by shading, with black indicating high
and white low rate. It is easy to see how, at certain temperatures, the growth
rate would pass through a maximum and a minimum as a function of ei-
ther temperature (vertical cut) or concentration (horizontal cut). The G(c)
dependence in Fig. 12 corresponds to the horizontal line (c) in Fig. 14.

The changes in crystal habit with changing concentration of crystallizing
solution were found to be as profound as the changes with crystallization
temperature. As seen in Fig. 15, the hexagonal truncated lozenge crystal at
low c (0.25%) changes to leaf-shaped and then needle-like crystals at the rate
minimum (cf Fig. 12). Thereafter, as folded-chain growth sets in (Fig. 15e), an

Fig. 15 Interference optical micrographs of C246H494 crystals in octacosane at Tc =
106.3 ◦C at increasing concentrations of initial solution. The bar represents 10 µm
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abrupt change to the faceted truncated lozenge takes place, turning to a leaf
shape at higher concentration as the cycle repeats itself.

3.2.2
“Dilution Wave”

If the initial solution concentration c is somewhat higher than that of the
minimum in G, small folded-chain crystals will form and soon stop growing
as the metastable equilibrium with the solution (lower liquidus in Fig. 14) is
reached. Figure 16a shows such folded-chain crystals in the case of C198H398
grown from phenyldecane. What then follows is a phenomenon described as a
“dilution wave” [44]. As both nucleation and growth of extended-chain crys-
tals are highly suppressed under these conditions (growth rate minimum),
no visible change occurs for some considerable time, after which, rather

Fig. 16 Series of interference contrast optical micrographs of an initially 4.2 wt % solution
of n-C198H398 in phenyldecane at successive times (indicated) upon reaching Tc = 97.4 ◦C.
The progress of the “dilution wave” is shown in (b) through (f), triggering the processes
of crystallization of needle-like extended-chain crystals and simultaneous dissolution
of folded-chain crystals. The needles form along the two {100} faces of the truncated
lozenge shaped folded-chain crystals, with a third parallel crystal often appearing in the
middle. Bar = 20 µm. (From [44] by permission of American Physical Society)
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Fig. 17 Simulation of two dilution waves initiated by a small, localized perturbation. There
is a fixed time period between each of the curves. The parameter φ is the scaled difference
between concentrations of saturated solutions cE and cF2 in equilibrium with, respec-
tively, extended and folded-chain crystals at temperature Tc, such that c = cE + (cF2 – cE)φ
(from [46] by permission of American Institute of Physics)

suddenly, the folded-chain crystals are replaced by needle-shaped extended-
chain crystals. The transformation sweeps through the suspension (from left
to right in Fig. 16b–f). As the first extended-chain crystal forms successfully,
it depletes the surrounding solution and thus triggers the growth of other
extended-chain crystals in the vicinity. A dilution wave is thus generated, eas-
ing the inhibitory effect of high concentration on extended-chain growth.

The reaction diffusion equation describing the dilution wave has been
found [46] to coincide with that used in genetics to describe the spread of
an advantageous gene [47]. The wave spreading rate is determined by the
polymer diffusion constant in the solution and the crystal growth rate GE.
Figure 17 presents a series of solutions of this equation for successive times,
showing the initial dip in concentration spreading in both directions.

4
Events at the Growth Surface

4.1
A Simple Theory of Self-Poisoning

The growth rate minima cannot be explained by the secondary nucleation
theory in its present form. The two major simplifications that the LH the-
ory makes are: (a) neglect of the segmental (“fine-grain”) nature of stem
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deposition, and (b) neglect of competing attachments of stems with different,
particularly shorter, length. On the other hand, the roughness-pinning the-
ory of Sadler [22], which does not suffer from these simplifications, allows
for the occurrence of growth rate minima. In an approximate rate-equation
treatment of a system with certain preferred lamellar thicknesses, Sadler
and Gilmer observed relatively shallow minima as a function of supercool-
ing [48], but were reluctant to publish until the first minimum was observed
experimentally in alkanes [26]. The observed deep minimum in G was repro-
duced more quantitatively when the one-dimensional model was simplified
so that it could be solved exactly [49]. The extended chain was split into
two half-chains and thus it would attach in two stages. Alternatively, if the
second half-chain attaches alongside the first half-stem rather than as its ex-
tension, a folded chain results, carrying the extra free energy of folding (see
Fig. 18) [49]. The forbidden process is the attachment of an extended chain
onto a folded chain. A Monte Carlo simulation study, where these same selec-
tion rules were applied, has also reproduced the kinetics of the self-poisoning
minimum and, since the model was two-dimensional, it provided some addi-
tional insight into the crystal shape [49].

Fig. 18 The model of elementary steps as used in the rate equation and Monte Carlo simu-
lation treatments that reproduced the self-poisoning minimum. A cross-section (row of
stems) normal to the growth face is shown. There are three elementary steps differing in
their barrier and driving force: attachment (rate A) and detachment (rate B) of segments
equal to half the chain length, and partial detachment of an extended chain (rate C). The
key self-poisoning condition is that attachment of the second half of an extended chain is
allowed only if m = 1, i.e. an extended chain cannot deposit onto a folded chain (from [49]
by permission of the American Institute of Physics)
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The rate equation model of [49] has subsequently been simplified further
and adapted to include solution concentration dependence [44] (see Fig. 19).
Instead of depositing in two stages, here the attachments of an extended chain
as well as of a folded chain are one-step processes. For extra simplicity, it
was assumed that the rates of the two processes are equal (= A). However,
the detachment rates BE and BF2 differ. As before, the critical condition that
an extended chain cannot attach on top of a folded chain was kept. This en-
sured that the minimum in G(T) is reproduced even by this “coarse-grain”
model. Thus it can be said that, of the two major simplifications characteriz-
ing the LH theory, it is the neglect of competing stem attachments that fails it
primarily, rather than neglect of the segmental nature of stems.

The concentration dependence of G was treated by making A a linear func-
tion of c and adding the mixing entropy to the free energies ∆FE

0 and ∆FF2
0 of

the pure alkane:

∆FE = ∆FE
0 + kT ln c (6a)

∆FF2 = ∆FF2
0 + kT ln c (6b)

The retardation in crystal growth with increasing concentration, calculated
according to this model, is shown in Fig. 20. The parameters used apply to
crystallization of C198H398 (see [44]), but the calculated growth curves match
qualitatively those measured for C246H494 (see Fig. 12). This effect can be ex-
plained as follows. For concentrations less than that of the rate minimum
(cmin), the attachment rate A is lower than the folded-chain detachment rate
BF2 , so only extended chains can grow. However, as cmin is approached A be-
comes comparable to BF2 and an increasing fraction of the growth face equal
to A/BF2 is covered by folded chains at any time. Hence the extended-chain

Fig. 19 Row model as in Fig. 18 but simplified further. This “coarse-grain” model assumes
a one-step attachment and detachment of a whole chain, either in extended or folded con-
formation. Attachment rate A is assumed to be the same in both cases, while detachment
rates BE and BF2 differ (from [44] by permission of American Physical Society)
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Fig. 20 Crystal growth rate G of n-C198H398 calculated as a function of concentration at
constant Tc using the model in Fig. 19. Parameters are those for C198H398 crystalliza-
tion from phenyldecane at Tc = 98.0 ◦C, experimentally measured in [44]. Compare with
Fig. 12 (from [44] by permission of American Physical Society)

crystal growth rate is

GE = (1 – A/BF2 )(A – BE) (7)

and as c → cmin and A → BF2 , so GE → 0.
An additional slow process of chain extension underneath the obstructing

overgrowth has also been considered in [49]. The second half of the chain was
allowed to attach to the half-chain nearest to the extended-chain substrate
at rate D. This process, mimicking the “sliding diffusion”, preserved a finite
growth rate even at the rate minimum, i.e. it made the minimum shallower.

4.2
Growth on {100} and {110} Faces: Comparison with Polyethylene

The cause of the changes in crystal habit with changing Tc in polyethylene, or
in any other polymer, is unknown. These changes have a profound effect on
the morphology of industrial polymers. Thus in melt-solidified polyethylene,
crystals grow along the crystallographic b-axis with lenticular morphology
similar to that formed from polyethylene solutions at the highest Tc [50, 51]
(Fig. 10b–d), or else from long alkanes close to the lowest Tc within the
extended-chain regime (Figs. 9 and 15) or any folded-chain regime (F2, F3 ...).
In the absence of twinning or branching, the lateral habits in polyethylene and
long alkane crystals are determined by only two parameters: (a) the ratio of
growth rates normal to {110} and {100} faces, G110/G100, and (b) the ratio i/v
of step initiation and propagation rates on {100} faces. We will deal with the
former first, and with the latter in the next section.

Figures 9 and 15 show the conspicuous changes in crystal habit occurring
within rather narrow intervals of crystallization temperature and concentra-
tion, particularly around the self-poisoning minimum. Similar diversity of
shape is observed in melt crystallization [30]. In addition to the morphologies
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seen in C246H494, in shorter alkanes such as C198H398 and C162H326 rhom-
bic lozenges, bounded solely by {110} facets, are observed at the highest
temperatures [52]. Figure 21 shows typical crystals grown at the same super-
cooling of ∆T = 3 ◦C from three different alkanes.

Thus, in solution-grown alkanes the general morphological cycle starts
with lozenge crystals, changing to truncated lozenge with the relative length
of {100} faces increasing and {110} receding as Tc is lowered or as c is
increased (cf Fig. 10). This means that the ratio of growth rates G100/G110
decreases with increasing supercooling or supersaturation, until the rate min-
imum is reached. This is illustrated in Fig. 22 for C198H398, and in [29] for

Fig. 21 Micrographs of extended-chain crystals of the alkanes indicated grown from
1 wt % octacosane solutions at the supercooling temperature of 3.0 ◦C

Fig. 22 Ratio of growth rates G100/G110 vs. crystallization temperature for extended-
chain crystals of C198H398 from 2% (w/v) solution in octacosane (diamonds) and for
linear polyethylene from 0.05% solutions in hexane (squares). The polyethylene crystal
at Tc = 70.0 ◦C and the C198H398 crystals above Tc = 110 ◦C are non-truncated lozenges;
these form for any G110/ cos(ϕ/2) ≥ G100, where ϕ/2 = tan–1(a0/b0) and a0, b0 are unit cell
parameters (cf Fig. 10). Data for PE are from [32] (from [45])
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C246H494. It is interesting to note that this trend is exactly the opposite of that
in polyethylene, where the G100/G110 ratio decreases with increasing Tc [32]
(see Fig. 22). The extremely low G100/G110 ratio of ≤ 1 : 15, which gives rise to
the long needle-like crystals near the rate minimum, is not seen in PE.

The facts that in alkanes G100/G110 → 0 at the rate minimum, and that
the morphological cycle is repeated at the F2–F3 [39] and F3–F4 mini-
mum [53], suggests strongly that the depression of G100/G110 is the result
of self-poisoning. One may thus conclude that self-poisoning preferentially
retards the growth on {100} faces.

It is well known that in PE, rhombic lozenges are only seen at the lowest
Tc, e.g., below 75 ◦C in xylene solution. The surprising finding that non-
truncated {110}-bounded lozenges are seen at the highest Tc in alkanes is
attributed to the exceptionally weak self-poisoning well above the folded-
chain dissolution temperature TF2

d . It is thus understandable that rhombic
crystals should form in shorter alkanes rather than in longer ones, as in the
former the temperature difference TE

d – TF2
d is larger, hence TF2

d is more re-
mote and the lifetime of the obstructing folded deposition is short. Such
a situation of negligible poisoning cannot occur in polydisperse PE, since at
any Tc there are stems somewhat shorter than lmin (Eq. 3), with sufficient
lifetime to cause obstruction to growth as well as a higher attachment rate be-
cause of a lower barrier (self-poisoning or pinning [22]). The fact that in PE
the signs of G100 obstruction are most pronounced at highest temperatures
(lowest G100/G110) suggests that self-poisoning increases either with tempera-
ture and/or lamellar thickness.

A snapshot of a cut normal to the surface of a growing crystal might thus
look as in Fig. 23. This situation corresponds to the “kinetic roughness” in the
roughness-pinning model of Sadler [22] (see also [71]). The unstable over-
growth must detach before the stem underneath can rearrange. The reason

Fig. 23 A possible instantaneous configuration of a row of stems perpendicular to the
crystal surface schematically illustrating self-poisoning in a polydisperse polymer. The
same picture could apply to a layer of stems depositing onto the crystal surface and
parallel to it; in that case it would illustrate the retarding effect on layer spreading rate v
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for self-poisoning in polyethylene being more pronounced at higher Tc, as
suggested by morphology, is one of the open questions.

4.3
Step Initiation and Propagation Rates

4.3.1
Rounded Lateral Crystal Faces

The discovery of rounded polymer crystal edges [52, 54] has motivated Sadler
to propose the rough-surface theory of polymer crystal growth [22, 48]. His
theory was intended to describe crystallization at higher temperatures, where
lateral crystal faces are above their roughening transition temperature TR.
High equilibrium roughness removes the necessity of surface nucleation as
there is no surplus free energy associated with a step. In a simple cubic crys-
tal the roughening transition on a {100} surface should occur at kT/ε ≈ 0.6,
where ε is the pairwise nearest-neighbour attraction energy. If whole stems
are treated as non-divisible units on a polymer crystal surface, then ε is so
large that the surface at equilibrium is always smooth and flat. However,
a simple estimate shows that, if polyethylene stems were broken down into
segments of ≤ 6 CH2 units, the surface would be thermodynamically rough.
This crude estimate does not take account of connectivity between segments
and there are numerous problems in estimating the TR of such a complex sys-
tem. However, Sadler argued that the fact that the {100} faces in polyethylene
become curved at high temperatures indicates the presence of the roughening
transition. In contrast, {110} faces with somewhat denser packing of surface
chains and hence a higher ε would have a higher TR, hence the {110} faces
remain faceted.

However, subsequent detailed studies [33, 55, 56] have shown that the cur-
vature of {100} faces in polyethylene can be explained quantitatively by
applying Frank’s model of initiation and movement of steps [57]. Curvature
occurs when the average step- propagation distance is no more than about
two orders of magnitude larger than the stem width.

Hoffman and Miller [58] proposed that the retardation in v, leading to
curved crystal edges, comes from lattice strain imposed by the bulky chain
folds in the depositing chains; this results in strain surface energy σs which
acts by slowing down the substrate completion rate v. In order to be con-
sistent with the observed morphology in polyethylene, σs would have to be
higher on {100} faces than on {110} faces. However, it is difficult to see
how this argument would apply to crystallization of extended-chain n-alkanes
with no chain folds. The evidence from alkanes presented below suggests that
the slow step propagation is largely due to self-poisoning. This is supported
by the observations on PEO (Sect. 4.3.4).
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4.3.2
Suppression of i and v on {100} Faces

In order to determine the rate of initiation (i) and propagation (v) of steps,
the profiles of the curved “{100}” faces in solution- and melt-crystallized
alkanes may be fitted to those calculated according to Mansfield [55] and
Toda [59], taking account of the centred rectangular lattice representative of
polyethylene and alkanes. This was carried out recently in a systematic way
in a series of alkanes crystallized both from melt [30] and solution [29, 39, 45,
53, 60]. As an example, the i and v values thus obtained are plotted against
Tc for C246H494 in Fig. 24 [29]. While both the secondary nucleation rate (i)
and propagation rate of steps (v) pass through a maximum and a minimum
as a function of Tc, and then increase steeply in the chain-folded tempera-
ture region, there is a significant difference in the shape of the two graphs
near the rate minimum. In this and other examples of solution crystallization,
i is considerably more suppressed by self-poisoning than v; while v drops to
half its maximum extended-chain value at the minimum, i is reduced to only
1/500 of its value at the maximum. Furthermore, the slope di/d(∆T) turns
negative higher above TE–F2

c than the corresponding slope dv/d(∆T). The dis-

Fig. 24 Step initiation rate i (open symbols) and step propagation rate v (solid symbols)
on the {100} faces as a function of crystallization temperature for n-C246H494 crys-
tals growing from a 4.75% octacosane solution. Key: squares, extended chain; triangles,
folded-chain growth (from [29])
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proportionately large retardation in i near the minimum causes increasing
elongation of the Mansfield ellipse, so that {100} faces become virtually flat
(see needle-like crystals in Fig. 9).

It is informative to observe the temperature dependence of the initiation/

propagation ratio. Figure 25 shows ib2/2v against crystallization temperature
for four long alkanes. This dimensionless parameter gives the ratio against
the probability of its attachment to a niche on either side of a spreading layer
(for polyethylene lattice b2 = a0b0/2). The higher the parameter, the higher
the curvature. The ib2/2v ratio is seen to depend strongly on temperature.
Within the extended-chain growth range it passes through a maximum, de-
scending towards both the low- and the high-temperature ends of the range.
In the folded-chain growth regime the trend repeats itself, as shown in Fig. 25
for C294H590. The maximum value of the ratio is lower for the longer alkanes
C294H590 [45] and C390H782 [53]. This may be the result of the temperature in-
terval of crystallization of a given folded form Fx being narrower for longer
chains.

The maximum in ib2/2v primarily reflects the fact that the maximum in i
is narrower than the maximum in v. As Td is approached, i should always tend
to zero faster than v, due to the barrier for nucleation being larger than that

Fig. 25 Dimensionless initiation to propagation rate ratio ib2/2v against supercooling
∆T = TE

d – Tc for crystals of four n-alkanes grown from n-octacosane solution (initial
concentration 4.8 ± 0.2 wt %) and for C162H326 from phenyldecane (1.0 wt %). C162H326
crystals from phenyldecane (Ph) did not show {100} faces at low ∆T. Symbols: solid = E,
open = F2, half-solid = F3. Based on data from [39]
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for propagation, as long as growth is even marginally nucleation controlled.
Ratio ib2/2v is used in the LH theory to distinguish between growth regimes.
According to LH theory, the alkane crystal growth very close to TFx

d and T
Fx–Fy
c

would be Regime I, while between these temperatures it would be Regime II
or III [16].

Although the minimum in v is not as deep as that in i, the mere fact that it
exists means that, like step nucleation, step propagation itself is also retarded
by self-poisoning. This also implies that surface energy is not the main barrier
for stem deposition, as implied by the classical LH theory. Instead, the barrier
for step propagation is almost entirely entropic, with self-poisoning, or pin-
ning, being its major component. With reference to Fig. 5, a chain depositing
into an existing niche leads to no increase in the side-surface energy, only to
an increase in end-surface energy 2b2σe which, for extended-chain crystals,
is very small. v should therefore be particularly fast in extended-chain crys-
tals, with no curvature expected. Obstructing folded-chain depositions would
be rare, as their surface energy barrier is significantly higher than that for
extended-chain crystals. In fact, contrary to the expectation from LH theory,
the curvature of {100} faces is higher in extended-chain than in folded-chain
crystals (Fig. 25).

The models used to describe self-poisoning kinetics (Figs. 18 and 19) are
based on Sadler’s row of stems normal to the growth face (“radial growth”).
However, it can be equally applied to step propagation, i.e. “tangential”
growth [29, 61]. The two types of rows, to both of which the models in
Sect. 4.1 could be applied, are schematically illustrated in Fig. 26.

Fig. 26 Schematic view of the growth face of an extended-chain lamellar crystal poisoned
by stems of half the chain length. The row-of-stems model can be applied with the row
perpendicular to the growth face, as in the previous “rough growth” models to describe
retardation of i (row p), or parallel to the growth face to describe retardation of v (row q).
(From [29], by permission of American Chemical Society)
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4.3.3
Growth at Sadler’s Rough-Surface Limit

The initiation/propagation ratio ib2/2v reaches exceptionally high values
of ∼ 0.4 in the middle of the temperature range of extended-chain growth
(Fig. 25). Such a high value means that there is almost no preference for
a molecule to deposit into an existing niche, i.e. that the growth process vir-
tually ceases to be nucleated. If there was a complete lack of preference for
propagation, the ratio would be 0.5. Admittedly, the approximations involved
in the derivation of the expression for Mansfield’s ellipse [55, 57] are not fully
justified in this limiting case, so that the accuracy of the quoted value is
limited. In fact, for ib2/2v = 0.25, Mansfield’s ellipse on a square lattice be-
comes a circle, and for ib2/2v = 0.5 the ellipse is elongated perpendicular to
the growth face. This discrepancy arises primarily because nucleation on the
sides perpendicular to the growth face is ignored, as is step propagation along
these sides. Nevertheless, there is no doubt that crystallization in the mid-
dle of the extended-chain temperature range is at the very limit of nucleated
growth, and that it approaches the rough-surface growth mode of Sadler and
Gilmer [22, 62].

Rough-surface growth is equivalent to condensation of vapour into a droplet.
Treating the crystal lamella as a two-dimensional droplet, one would expect
circular crystals in the limit of completely rough growth. Figure 27 shows
an extended-chain crystal of C198H398 grown from a methylanthracene solu-
tion, which is indeed nearly circular. Circular crystals are also observed in
self-poisoned growth of PEO fractions (see Sect. 4.3.4).

Fig. 27 (a) Nearly circular crystal of C198H398 grown from a 2% solution in methylan-
thracene with Mansfield ellipse for ib2/2v = 0.41 fitted to the {100} faces. Note that here
{110} faces are also curved (cf Sect. 4.3.5). (b) The Mansfield ellipse, fitted to the crystal
in (a) compared to the Mansfield circle; both apply to the centred rectangular lattice of
polyethylene, rather than to the square lattice



The Effect of Self-Poisoning on Crystal Morphology and Growth Rates 73

4.3.4
Comparison with Poly(ethylene oxide)

The kinetics of melt crystallization of narrow fractions of PEO has already been
mentioned in Sect. 2.2, and the G(Tc) behaviour for one growth face is summa-
rized in Fig. 7. The shapes of melt-grown single crystals have been studied in
great detail by Kovacs and co-workers [18, 63, 64]. Particular attention was paid
to the narrow temperature range of the extended to folded-chain growth tran-
sition. Careful investigation revealed that there are in fact two close transition
temperatures, onefor eachof thetwo {hk0}growthfacetypes. These differences,
combined with the thickening process, resulted in the so-called pathological
crystals. Provided that the gradients dGhk0/d(∆T) are different for different
{hk0} planes, such differences in TE–F2

c are inevitable, as TE–F2
c values are given

simply by GE
hk0 = GF2

hk0. Only where there is a deep minimum at TE–F2
c , as in

monodisperse alkanes, do the growth transition temperatures TE–F2
c for differ-

ent hk0 faces nearly coincide. In fact from Fig. 9 it is clear that TE–F2
c for {110}

would occur at a lower temperature than TE–F2
c for {100}. However the former

cannot be observed because the growth of E crystals stops at TE–F2
c {100}. This

results intheextremeneedle-likecrystals (Figs. 9and15), whichcanberegarded
as the pathological crystals of n-alkanes.

A more general observation in PEO fractions is that more or less faceted crys-
tals grow at most temperatures, except just above the transition temperature
TE–F2

c , where crystals are rounded and sometimes indeed circular. This has been
confirmed by subsequent studies, as illustrated in Fig. 28 [40].

The increase in curvature of PEO crystal faces immediately above TE–F2
c

(Fig. 28) means a high ib2/2v ratio at that temperature. Thus, compared to alka-

Fig. 28 Optical micrographs of PEO single crystals (fraction Mn = 3000) grown from the
melt as a function of crystallization temperature (in ◦C). The extended–folded chain-growth
transition TE–F2

c is between 51.2 and 50.2 ◦C (adapted from [40])
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Fig. 29 Linear growth rates from melt of extended-chain crystals of PEO fractions 3000,
4000 and 6000 molecular weight as a function of crystallization temperature (re-plotted
from [18]). Dashed lines are maximum slope tangents (after [25])

nes where ib2/2v passes through a maximum in the middle of a growth branch
(E or F2) and drops to a very low value at the TE–F2

c or TF2–F3
c transition (see

Fig. 25), in PEO that maximum is at the transition itself. It is interesting that,
even when plotted on a linear scale, Kovacs’s growth rate data versus∆T (Fig. 7)
show a conspicuous downward deviation from linearity just above TE–F2

c (see
Fig. 29) [21, 25]. In the past the effect was attributed to impurities [24], but
subsequently it was suggested that it is caused by self-poisoning [25]. The con-
clusion is therefore that, near TE–F2

c , step propagation is preferentially retarded
in melt-grown PEO, while i is preferentially retarded in solution-grown alkanes.
The reason for this difference is not clear. In melt crystallization of alkanes, i is
also preferentially retarded at the rate minimum, although the ib2/2v ratio does
not drop as low as that in solution growth [30].

4.3.5
Curved {110} Faces: Asymmetry in Step Propagation

Whileextended-chaincrystalsofC162H326 andC198H398 grownfromoctacosane
at the smallest supercooling are faceted rhombic lozenges (see Fig. 21a,b),
those grown under similar conditions from 1-phenyldecane [52] and methylan-
thracene [60] have an unusual habit shown in Fig. 30. This habit has not been
seen in polyethylene and it has been termed “a-axis lenticular” because, unlike
the more common lenticular (lens-like) polyethylene crystals, its long axis is
parallel to the crystal a-axis. In fact the habit can be best described as being
bounded by curved {110} faces. The interesting feature is the asymmetry of the
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Fig. 30 Left: An “a-axis lenticular” crystal of C162H326 in 1-phenyldecane grown from an
initially 1.0% solution at 99.5 ◦C. Interference optical micrograph; bar length 10 µm. Right:
Schematic outline of the crystal, indicating the four{110} sectors (from [52] with permission
of the American Chemical Society)

curvature; while the faces are curved at the obtuse apex, they are straight at the
acute apex. This has been attributed to the propagation rates of steps on the
{110} face being different in the two directions: the rate vs, directed towards
the acute apex, is higher than the rate vb , directed towards the obtuse apex [52].
Similar asymmetry may be expected in other polymers where the growth face
lacks a bisecting mirror plane normal to the lamella. In fact exactly the same
a-axis lenticularcrystalsasinFig. 30areseenregularlyinα-phasesinglecrystals
of poly(vinylidene fluoride) ([65] and [66]; note that a and b axes are exchanged
compared to polyethylene).

4.4
Effect of Solvent: Molecular Pre-ordering in the Liquid

It has been observed that the nature of the solvent has a significant effect on both
crystal growth rates and morphology. For example, the growth rates of crystals
of C162H326 [52] and C198H398 [45] from n-octacosane solutions were found to
be about three times as high as those from solutions in 1-phenyldecane. Fur-
thermore, at low supercooling a-axis lenticular extended-chain crystals formed
from phenyldecane, while faceted {110} lozenges formed from octacosane (see
preceding section). Thus, crystallization processes from phenyldecane are gen-
erally slower. In particular, relative to step initiation, step propagation on{110}
faces is more retarded in phenyldecane.

A more comprehensive study of this effect has been carried out recently,
involving the following aromatic solvents: 2-methylanthracene, m-terphenyl,
o-terphenyl, benzoquinolineandtriphenylmethane. Some of thesearepoor sol-
vents and liquid–liquid phase separation interferes in some cases. However, it
is clear that growth rates are slower in all these solvents compared to those from
n-octacosane. In particular, G100 is more retarded than G110. Figure 31 shows
(a) G110 and (b) G100 as a function of supercooling in several 2 wt % solutions
of C198H398.
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Fig. 31 Crystal growth rates normal to (a) {110} faces and (b) {100} faces for alkane
C198H398 from 2 wt % solutions in n-octacosane (C28H58) (circles), methylanthracene (tri-
angles) and m-terphenyl (squares). Crystals grown from octacosane and methylanthracene
at low supercooling do not show {100} faces (from [60])

Compared to octacosane, all other solvents (partly or fully aromatic) used in
the study depress the growth rates, particularly G100. On the other hand, G110
is less affected overall by the solvent type. It is interesting, however, that the
minimum in G110 is narrower in aromatic solvents. In 2% methylanthracene
G110 drops very sharply, but only less than 1 ◦C above the transition to folded-
chain growth (Fig. 31); in fact in a 5% methylanthracene solution (not shown),
there is no minimum in G110 at all.

In aromatic solvents the step propagation rate v seems to be dispropor-
tionately more suppressed on both {100} and {110} faces compared to the
nucleation rate i. This results in a-axis lenticular crystals (Fig. 28) and in nearly
circular crystals with curvature on both {110} and {100} edges (Fig. 27). Also,
as v is suppressed on{100} faces and G110 remains relatively high, b-axis lentic-
ular crystals with straight-faced pointed ends (type A crystals [33]) are often
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Fig. 32 Lenticular crystal of C198H398 grown from an initially 2 wt % solution in o-terphenyl
at 115.8 ◦C. Mansfield ellipse corrected for the alkane crystal lattice is fitted to the central
portion of the crystal. Crystal b-axis is horizontal [60]

seen (Fig. 32). According to Toda [33], such crystals form when the growth rate
in the b direction Gb = G110/ sin(φ/2) is faster than v on {100} faces, hence the
spreading layers on {100} faces fail to catch up with the spreading substrate.

The detailed study of the solvent effect is still incomplete, but it emerges that
the less linear and more “awkward” the shape of the solvent molecule, the more
retarded are the crystallization processes. The {100} faces, which are generally
more susceptible to poisoning, again seem to be more affected by this solvent-
induced retardation. We suggest that the effect is due to less pre-ordering of
long alkane molecules in aromatic solvents. It is likely that in an n-alkane sol-
vent such as octacosane, the long-chain and short-chain molecules form local
bundles, with bias towards extended segments, resembling that in the melt [67].
With smaller aromatic solvent molecules such order is less likely. A further
comparison between the effects of more linear aromatic molecules (methylan-
thracene) and less linear molecules (m- and o-terphenyl, triphenylmethane)
suggests that the latter are more effective in retarding the growth process. The
growth-promoting effect of linear solvent molecules may thus be interpreted as
reducing the conformational entropic barrier for chain extension.

Strobl et al. [68] have recently reported that crystals of poly(ethylene-co-
octene) grown from n-alkane solvents have larger thicknesses than those grown
from methylanthracene. This they interpret in terms of the n-alkane solution
forming a precursor mesophase which enables lamellar thickening by sliding
diffusion. However, in crystallization of long alkanes there is no evidence of an
equivalent thickening process in octacosane solution.

4.5
Side-Surface Free Energy σ from Chain Length Dependence

The lateral surface free energy σ is a key parameter in polymer crystallization,
and is normally derived from crystallization kinetics. In polydisperse polymers,
where the supercooling dependence of growth rate is affected both by changing
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driving force and lamellar thickness, a product of end-surface and side-surface
freeenergiesσσε isobtained. Inalkanes,however,Eq. 5canbeusedtodetermine
σ alone. To avoid ambiguities about the precise values of other parameters in
Eq. 5, such asσe,β and∆hf, ln K – ln l can be plotted against l for a series of alka-
nes and σ values determined from the slope of the plot. K was measured close
to the melting point of extended chains, above the temperature where G curves
downwards due to self-poisoning. Figure 33 shows such plots for extended-
chain melt crystallization of the longer alkanes C194H390 through C294H590 [30].
From the measured rates of growth along the b-axis and a-axis, values of σ on
the {110} and {100} faces, respectively, were obtained, assuming Regime II ki-
netics ( j = 1, Eq. 5). The values obtained are σ110 = 8.0 mJ/m2 (or erg/cm2) and
σ100 = 10.8 mJ/m2.

These values are in broad agreement with the generally accepted value of
around 10 mJ/m2 for σ of polyethylene, but provide important differentiation
between the two crystallographic faces. The same procedure, when applied
to solution crystallization, yielded significantly lower values around 3 mJ/m2,
which is attributable possibly to crystal growth being diffusion controlled. For
melt crystallization of PEO fractions, Point and Kovacs [23] obtained unusually
low values of around 2 mJ/m2 for σ determined from the G vs. ∆T slope close
to the TE–F2

c growth transition. The anomalous value is likely to be due to low
apparent K in this region of increasing self-poisoning with increasing ∆T (see
Sect. 4.3.4 and Fig. 29).

It is significant that σ100 is higher than σ110. This is consistent with {100}
faces being more susceptible to self-poisoning and poisoning by impurities, i.e.
having a higher entropic barrier for growth. This finding also helps to explain
why {110}-bounded lozenges in polyethylene become increasingly truncated

Fig. 33 Determination of side-surface free energy from chain length dependence of extended-
chain crystal growth rates Gb (left) and Ga (right) from the melt using Eq. 5 [30]



The Effect of Self-Poisoning on Crystal Morphology and Growth Rates 79

by {100} faces at higher crystallization temperatures, where crystal thickness
and hence the 2blσ barrier is larger.

4.6
Molecularity of Chain Deposition: Two-Dimensional Nucleation

In the concentration region of weak self-poisoning, the concentration depen-
dence of crystal growth rate can provide further insight into the mechanism of
thegrowthprocess, just asdetermining theorder of achemical reactionsupplies
evidence of molecularity of the reaction, or the number of molecules needed to
collide to effect a reaction. Since experimental data are now available on con-
centration dependence of i and v on{100} faces for alkane C246 H494, these were
analysed to determine the order n of the attachment rate A = can [69]. At low
supercooling i ≈ A – B (see Eq. 7), and B is defined through Eq. 6 as B = (1/c)d,
where d is the detachment rate in pure melt (c = 1) at Tc. i is therefore given by

i = acn – (1/c)d (8)

An equivalent expression holds for v. Equation 8 and its equivalent were fitted
to experimental values of i and v. The clearest and most striking result is that
in the once-folded (F2) crystallization regime, the reaction order for secondary
nucleation is found to be 2.5, and for step propagation it is 2.0. Taken literally,
this means that 2.5 molecules (five stems) of folded C246 H494 are involved in the
formation of an average critical secondary nucleus, and that deposition at an
existing step takes place in units of two molecules (four stems). These values
apply to the region of low supersaturation and low ib2/2v. According to the
classical nucleation theory, only one stem makes a critical secondary nucleus.
The above result, however, supports the idea of a two-dimensional secondary
nucleus proposed by Point [70], and by the more recent simulation work of
Doye and Frenkel [71]. 2D secondary nucleation has also been postulated by
Hikosaka, but only for the highly mobile columnar hexagonal phase [72]. Step
propagation by attachment of small clusters of stems has not been discussed
specifically, but it is not inconsistent with some simulation studies [73].

5
Roughness of Basal Surfaces

5.1
Upward Fluctuations in Lamellar Thickness

The preceding sections on self-poisoning illustrate the major difficulty of a sta-
ble longer stem depositing on top of a shorter stem. The rate minima described
above could all be explained by the inability of an extended chain (E) deposit-
ing onto a once-folded chain (F2), or an F2 chain depositing onto an F3 chain
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(Sect. 4.1). In polymers, lamellar thickness is kinetically determined by the re-
stricted upward fluctuation in stem length on the one hand and, on the other
hand, by the high detachment rate of shorter stems with l → lmin = 2σe/(∆φ)
(downward fluctuation). This problem has been studied analytically [62, 74]
and by simulation [71, 75].

The dilution wave effect, described in Sect. 3.2.2, illustrates further the addi-
tional impediment to large upward fluctuation caused by self-poisoning. In the
experimentdescribedinFig. 16it tookmorethanaminuteforthefirstextended-
chainnucleusto appear anywhereinthesuspensionof F2 crystals; however, once
the concentration dropped, E crystals nucleated and grew rapidly. The fact that
in the mobile hexagonal phase polymers like polyethylene chains can extend be-
hind the growth surface leads to polymer crystals of large thicknesses and with
the characteristic wedge-shaped profile [72]. However, in true crystals with 3D
order, thickening occurs only close to the melting point, if at all (Fig. 2).

5.2
Rate Minima in Multiply Folded Chains

In the present context it is informative to look at the crystallization kinetics of
the longest monodisperse alkane, C390H782. Figure 34 shows the growth rate
G110 from octacosane solution, covering the temperature range of three folded-
chainforms: F2, F3 andF4 [53]. Thedatafor G100 arequalitativelysimilar to those
for G110. While the E-F2 and F2-F3 rate minima are deep, so that growth virtu-

Fig. 34 Crystal growth rate G110 as a function of temperature for C390H782 from 4.6 wt %
octacosane solution. The temperature ranges of F2, F3 and F4 (part) folded forms is covered.
Open symbols show values scaled by a factor of 10 and 0.1, respectively. For explanation of
the inset, see text
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ally stops at the transition temperatures, the F3-F4 minimum is comparatively
shallow for both G110 and G100. Unlike all other rate minima involving alkane
crystallizationfromoctacosane, no needle-likecrystalsappear at theF3-F4 tran-
sition, since neither G110 nor G100 are hindered drastically. The explanation of
the shallow minimum can be inferred by considering the diagram in the inset
on the right of Fig. 34. While the difference in stem length between the E and F2
forms is lE – lF2 = 20.8 nm, and while lF2 – lF3 = 7.0 nm, the difference lF3 – lF4 is
only 3.5 nm. It was argued above that the key cause of self-poisoning is the fact
that depositing a longer stem onto a shorter one is unproductive, and that such
deposition must be reversed before productive deposition on the growth face
can proceed. However, there must be a lower limiting value of the difference
lFx – lFy below which this condition is not strictly obeyed, and it appears that
3.5 nm is below this value. In other words, a certain proportion of stems that fall
somewhat short of the required length are incorporated and tolerated behind
the growth front. This implies a degree of roughness of the basal surface. Such
roughness has indeed been verified independently, as described below.

5.3
Perpendicular vs. Tilted Chains and Surface Roughness

In crystalline polymers, chains are often tilted relative to the layer normal. The
development of tilt is associated with crystallization or annealing at elevated
temperatures. Thus in some cases single crystals of a polymer with an orth-
ogonal or nearly orthogonal unit cell grown from solution at low temperatures
are flat lamellae with chains perpendicular to the basal (001) surface [65, 76].
However, when grown at a higher temperature the crystals are hollow pyramids
or chair-like [77]. Direct crystallization from the melt at high Tc normally yields
lamellar crystals with tilted chains [78, 79].

Chain tilt helps alleviate the overcrowding problem at the crystal–amor-
phous interface [80]. In polyethylene and long alkanes crystallized from melt
or from poorer solvents at high temperatures, {100} growth sectors prevail and
the tilt is usually 35◦, since the basal plane is {201}. Such tilt allows chain folds
or ends an increased surface area, by a factor of 1/(cos 35◦), while maintaining
the crystallographic packing of the remaining chain intact.

In apparent agreement with the behaviour of polyethylene and long alka-
nes, shorter n-alkanes crystallize with perpendicular chains provided that
Tc is below ca. 60–70 ◦C [81]. This is true for odd-numbered alkanes, while
even-numbered alkanes display a more complex behaviour due to molecular
symmetry [82]. At higher temperatures in alkanes such as C33 H68, a{101} tilted
form is brought about through one or several discrete transitions [83]. In this
case the tilt at high temperature is associated with equilibrium conformational
disorder of chain ends, and the absence of tilt at low temperature with high
end-group order.
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Crystallization of extended or folded long alkanes from good solvents at
relatively low Tc yields perpendicular chains (see, e.g., Fig. 2). At elevated
temperatures chain tilt appears in dried crystals; the tilt angle increases
with temperature and usually reaches 35◦ below the melting point (see, e.g.,
Fig. 35) [84].

The alkane used in the SAXS experiment in Fig. 35 is extended-chain
solution-crystallized C216H385D49, having a deuterated C12D25 and a C12D24
groupatthetwoends(forsynthesissee[85]).Thisallowedtranslationaldisorder
at the crystal surface to be studied by IR spectroscopy. If there was perfect order,
all C12D25 groups would be surrounded by other C12D25 groups and CD bending
vibration bands would show the full crystal-field splitting of ∆ν = 9.1 cm–1 for
perpendicular chains and 8.3 cm–1 for {201} tilted chains [86]. However, the
actual splitting observed in as-grown crystals is less than 7 cm–1, with a singlet
appearing between the two components (see Fig. 36). This indicates significant
random shear between neighbouring chains, or translational disorder, as il-
lustrated schematically in Fig. 37a. Quantitative estimatation gives the size of
the average ordered domain as ca. 3×3 = 9 chains in the as-crystallized sam-
ple (from ∆ν), with about one in nine chains being displaced longitudinally by
a distance of the order of 12 C atoms (from the intensity of the singlet) [86].

After annealing at increasing temperatures, simultaneously with chains
tilting, the splitting of the CD band increases and the singlet component di-
minishes, indicating an improvement in translational chain-end order. After
annealing at 125 ◦C the size of the ordered domains increased to 6 × 6 = 36
chains and there were almost no large excursions of chain ends left. The
smoothening of the basal surface and the introduction and increase of chain

Fig. 35 Temperature dependence of lamellar spacing (upper half ) and angle of chain tilt with
respect to the lamellar normal (lower half ) for extended-chain crystals of end-deuterated
alkane C216H385D49 grown from toluene solution at 70 ◦C. SAXS spectra were recorded
during heating from 60 ◦C to the melting point. Data for heating at 1 ◦C/min (solid dia-
monds) and 6 ◦C/min (open squares) are shown for comparison (from [84] by permission
of American Chemical Society)
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Fig. 36 IR spectra in (a) the CH2 bending region and (b) CD2 bending region for extended-
chain C216H385D49 crystals as-grown from solution and annealed for 30 min at the
temperatures indicated (in ◦C). The spectrum of unannealed crystals is labelled “25”. All
spectra were recorded at – 173 ◦C (from [84] by permission of American Chemical Society)

Fig. 37 Schematic drawing of molecular arrangements in extended-chain crystals of
C216H385D49 (a) as grown from solution (b) annealed at a low temperature–low tilt
(c) annealed at a high temperature–high tilt. Thickened lines indicate deuterated chain ends
(from [84] by permission of American Chemical Society)

tilt (Fig. 37b,c) are thought to be linked. Thus, in the initial rough surface the
overcrowding problem is not serious since the dissipation of crystalline order is
gradual. As the density gradient becomes steeper on annealing, overcrowding
poses a problem which is alleviated by chain tilting.

Quenching of alkanes such as C162H326 from the melt at sufficiently large
supercooling also produces crystals with initially perpendicular chains, with
tilting occurring soon after [86]. This is in agreement with the morphological
study on melt-crystallized polyethylene [87] where it was proposed that below
Tc

∼= 127 ◦C chains may be initially perpendicular, with fold ordering and chain
tilting occurring subsequently. This has been offered as an explanation for the
S profile of the lamellae as viewed along the growth (b) axis.

The kinetic roughness of the basal surface in as-grown crystals ties well
with the interpretation of the shallow rate minimum at TF3–F4

c , described in the
preceding section. It is reasonable that some of the 3.5-nm shorter F4 stems
would be incorporated into F3 crystals, especially since half of this shortfall in
length, i.e. 1.75 nm, could be allocated to each crystal surface. This value is of
the same order of magnitude as some of the large excursions of chains detected
in as-grown crystals by IR spectroscopy.
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6
Conclusions

While the self-poisoning effect leading to the anomalous minimum in tem-
perature dependence of crystallization rate of long alkanes had already been
discovered in 1987, extensive recent work has greatly extended our understand-
ing of this effect. The phenomenon itself is only an extreme manifestation of the
pinning effect in polymer crystallization. It is only due to the quantized nature
of lamellar thickness (“integer folding”) in monodisperse alkanes that the ef-
fect has become visible, although there is now strong experimental indication
that self-poisoning also plays an important role in crystallization of polyethy-
lene, particularly at higher temperatures, and that it is largely responsible for
the shape of its crystals (Sect. 4.2). Recent new information on self-poisoning
has emerged particularly thanks to direct in situ measurements of growth rates
from solution and melt combined with the analysis of crystal habits. Briefly, the
new information can be summarized as follows:

1. A minimum in growth rate occurs as a function of either crystallization
temperatureor solutionconcentrationat all growthtransitionsbetweensuc-
cessive integer folded forms. The latter results in negative-order kinetics, the
dilution wave effect, and autocatalytic crystallization.

2. Both rate dependencies can be explained theoretically using simple analyti-
cal models as well as computer simulation. The only necessary prerequisites
are the consideration of competing chain depositions and the inability of
a longer stem to attach to an underlying shorter stem.

3. Additional rate minima can be created in melt crystallization within the
extended-chain growth regime, by adding a selected shorter-chain guest
alkane (“poisoning minima”). This supports the interpretation of the rate
anomalies in long alkanes in terms of obstructing short stem attachments.

4. Retardation of crystal growth due to self-poisoning occurs preferentially on
{100} faces.

5. Step initiation (secondary nucleation) on {100} faces virtually stops at the
rate minimum, while a smaller decrease occurs in step propagation rate v.
The observed minimum in v is inconsistent with the barrier to stem deposi-
tion being determined by surface energy and suggests that, as in secondary
nucleation, the barrier is entropic.

6. Self-poisoning is more prominent where stem length is longer.
7. Self-poisoning is more prominent in solvents consisting of smaller non-

linear aromatic molecules as compared to the linear aliphatic solvent
octacosane. The effect may be due to varying degrees of molecular pre-
ordering in solution.

8. There is experimental evidence in favour of two-dimensional secondary
nucleation of chain-folded crystals.
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9. The results generally support the secondary nucleation nature of polymer
crystallization, but highlight the importance of considering competing at-
tachments and pinning. Step propagation can be highly retarded due to
self-poisoning so that in extreme cases nucleation control becomes negli-
gible, with the limit of rough-surface growth being reached.

10. The rate minimum is shallower if the obstructing stems are close in length
to those of the substrate. This is consistent with the tolerance of limited
fluctuationinchainendlocationbykineticallyroughbasal lamellarsurfaces.

Finally, it should be mentioned that self-poisoning due to “erroneous” inte-
ger folded depositions is only one manifestation of a productive reaction, which
leads to thermodynamic stability, being retarded by a competing lower barrier
reaction which almost leads to a stable product. The observations of a crystal-
lization rate minimum in an aromatic polyketone [88], and recently an aromatic
polyester [89], are further examples of such an occurrence.
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Abstract Evolution of the morphology of dispersed particles of various molecular weight
poly(tetrafluorethylene dispersion particles has been examined as a function of sintering
time and temperature. Substantial molecular motion on the substrate occurs: large, an-
gular particles form first for short melt times, followed by development of both planar,
folded-chain single crystals, and single-molecule single crystals and banded structures
with parallel double striations oriented along their long axis. The molecules in the latter
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two are parallel to the substrate. Deformation of the particles results in indefinite length
nanofibrils; sintering results in the growth of shish kebabs, again by individual molecule
mobility. Tentatively it is suggested that the morphology develops in a mesomorphic
“melt”, the morphology depending primarily on sintering time and temperature rather
than the rate of cooling. Consideration is also given to the morphology of the nascent
particles; chain folding during polymerization is indicated for nanoemulsion particles.

Keywords Bands · Morphology · Nanofibrils · Poly(tetrafluorethylene) · Single crystals ·
Shish kebabs

Abbreviations
AFM Atomic force microscopy
BFDC Bright-field diffraction contrast
DFDC Dark-field diffraction contrast
ED Electron diffraction
PTFE Poly(tetrafluoroethylene)
SEM Scanning electron microscopy
TEM Transmission electron microscopy

1
Introduction

The banded structure on fracture surfaces of poly(tetrafluoroethylene)
(PTFE) crystallized slowly from the melt has been known for more than 40
years [1–4]. The PTFE bands were first observed [1] by melting compacted
granular and dispersion1 PTFE at 380 ◦C (melt time not given), followed by
slow cooling. The bands seen on fracture surfaces of the granular material,
having striations on their surfaces normal to the bands (Fig. 1), closely re-
semble, in appearance and probably growth mechanism, the extended-chain
lamellae seen on fracture surfaces of linear polyethylene crystallized slowly
at elevated pressure (see Fig. 1 in Ref. [5]); in lower molecular weight mate-
rial they appeared to be arranged radially in spherulitic structures [1, 4, 6].
However, because of difficulties in characterizing the molecular weight of
PTFE, it was not known if the bands were extended-chain (thickness equals
chain length, with its implications for molecular weight fractionation dur-
ing crystallization) or chain-extended (thickness less than the chain length,
and therefore folded, but greater than several hundred angstroms)2. Bunn et
al. suggested the former, with fractionation by molecular weight carried over

1 Also described as emulsion PTFE; it is produced by an emulsion polymerization process.
The granular material is polymerized in the bulk, the nascent particles being much larger.
(see Figs. 8, 9 in Ref. [4])
2 Definitions we use. Extended chain is also defined as fully extended. But also see Ref. [7], which
suggests these terms have been used in various contexts in polymer science, resulting in a certain
amount of confusion
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Fig. 1 Fracture surface of granular (bulk-polymerized) poly(tetrafluorethylene (PTFE).
The sample was held in the melt at 380 ◦C for an unspecified time followed by slow cool-
ing and fracture after immersion in liquid N2. (Reprinted from Ref. [1] with permission
from Wiley-Interscience)

from the polymerization, even though the band thickness corresponded to
a chain length with a molecular mass about 10% of the estimated 3×106 Da
from the incorporation of radioactive ends. They suggested “in the melt” dis-
order is very far from complete, and that the molecules are straighter and less
tangled than in most polymer melts, but also are in rough bundles with their
ends by no means randomly placed. On the other hand, rapid cooling of the
melt resulted in irregular fracture surfaces and, from X-ray measurements,
smaller crystals and lower crystallinity. They thus suggested “the band struc-
tures are due to the processes of crystal growth, involving a certain amount
of molecular movement, though large migrations are unlikely.” The striations
were attributed to either slip planes or repeated twinning.

The dispersion material, of lower molecular weight, also showed similar
thickness bands on fracture surfaces, except that, in this case, the stria-
tions were parallel to the length of the bands and very regularly spaced at
about 1000 Å (Fig. 2). The central band, extending from lower left to upper
center has the appearance of having split during fracture, with the “sub-
sheets extending from one level to another” (added arrows). Although sub-
mitted about 1 year after Keller’s paper proposing chain folding in solution-
grown polyethylene crystals [8], the possibility of chain folding to explain
the 1000-Å thickness was considered more improbable than a uniform mo-
lecular weight. We see similar structures on free surfaces of thin-film, melt-
crystallized dispersion material (Figs. 24b, c, 25a, 26d, 27b, 28a) but have
never observed them on fracture surfaces; thus, we suggest this micrograph
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Fig. 2 Fracture surface of compacted dispersion PTFE. The treatment was similar to that
in Fig. 1. The arrow indicates a region where a striation terminates at the edges of a band,
suggesting the striations are edges of lamellae. (Reprinted from Ref. [1] with permission
from Wiley-Interscience)

of Bunn et al. may have resulted from surfaces of interior voids. Using slow-
cooled, radiation-degraded PTFE they observed thin lamellae, approximately
200-Å thick, on free surfaces (Fig. 3). Again suggesting they were chain-
extended crystals, they acknowledged the difficulty of explaining the then
required uniformity of chain length in a degraded material.

The report by Bunn et al. [1] was followed, in 1962, by two papers by
Speerschneider and Li [2, 3] describing bands on fracture surfaces of com-
pacted dispersion PTFE similar to those shown in Fig. 1 for granular material.
They also used a melt temperature of 380 ◦C, with the melt time not given.
These authors described the effect of deformation at various temperatures.
They suggested the striations had a regular lateral spacing of 200 Å regardless
of the rate of cooling the sample, whereas Bunn et al. indicated the spac-
ing varied widely, down to approximately 300 Å (both sets of authors used
a two-stage replication technique, limiting the resolution). Speerschneider
and Li suggested the striations were the edges of sheets corresponding to
alternating crystalline and amorphous layers, totaling 200 Å, with deforma-
tion giving rise to slipping of the layers in the amorphous regions at elevated
temperatures.

At about the same time as the papers by Speerschneider and Li, Symons [4, 9]
described the growth of lamellar single crystals from dispersed PTFE disper-
sion particles (Fig. 4) and we described thin lamellae on the free surfaces of
bulk dispersion PTFE samples (Fig. 5) [4], both prepared by slow cooling fol-
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Fig. 3 Free surface of radiation-degraded PTFE after being held in the melt at 380 ◦C
and slow cooling. The lamellae are approximately 200-Å thick based on the shadowing.
(Reprinted from Ref. [1] with permission from Wiley-Interscience)

lowing 2-h melt times at 350 ◦C (Fig. 4) or from 380 ◦C (Fig. 5). For both types
of samples chain folding was proposed, the melt temperature being believed
to be too low for extensive degradation. The surface of the lamellae in Fig. 5
is irregular. One possibility is that they are cracks spanned by fibrils, with
the cracks and fibrils resulting from thermal shrinkage and unfolding of the
chains. Another possibility is that the “cracklike” structures resulted from

Fig. 4 Lamellar, folded-chain single crystals of dispersion PTFE prepared by sintering dis-
persed dispersion particles at 350 ◦C for 2 h on a glass slide. (Reprinted from Ref. [9] with
permission from Wiley-Interscience)
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Fig. 5 Lamellae on a free surface of compacted PTFE dispersion particles sintered at 380 ◦C
followed by slow cooling. (Similar to Fig. IV-67in Ref. [4])

annealing of fibrils drawn out and deposited on the surface during fracture,
resulting in shish kebabs. They resemble the structures described by Wunder-
lich and Melilio [10] for annealed fibrils on the 001 (chain-end) surfaces on
fracture surfaces of pressure-crystallized, extended-chain linear polyethylene,
the fibrils having been formed during fracture.

Individual bands were also seen on the free surfaces of both granular and
dispersion bulk samples; irregular continuous striations were present parallel,
rather than normal, to the long axes of the bands (Fig. 6). Bands with well-

Fig. 6 Bands on the free surface of compacted PTFE dispersion particles sintered at 380 ◦C
followed by slow cooling. (Similar to Fig. IV-65 in Ref. [4])
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Fig. 7 Bands on the free surface of compacted low molecular weight PTFE dispersion
particles. (Similar to Fig. IV-66 in Ref. [4])

formed striations parallel to the long axis, similar to those described by Bunn et
al. for dispersion PTFE (Fig. 2) [1], were observed on the free surface of a bulk,
low molecular weight dispersion PTFE (Fig. 7) [4], upper right of Fig. 6, and by
Symons [9] in thicker regions of the dispersed dispersion particles (Fig. 8). In
Figs. 4 and 7 the striations consist of double lines, a characteristic discussed
further later.

Fracture surfaces of both dispersion and granular high molecular weight
PTFE that we described [4] had bands similar to those described by Bunn

Fig. 8 Bands of dispersion PTFE prepared by sintering dispersed dispersion particles at
350 ◦C for 2 h on a glass slide. (Reprinted from Ref. [9] with permission from Wiley-
Interscience)
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et al. [1], i.e., with striations normal to the bands. In a possibly related pa-
per, Wunderlich and Melilio [6] showed that striations oriented parallel to
the long axes of the bands, but shorter and more irregular, could be grown
on the surfaces of Bunn et al. type bands on fracture surfaces of slow-cooled
PTFE by subsequent annealing at 315–326 ◦C for 30 s followed by ice–water
quenching (also better formed in a sample held at 316 ◦C for 40 min, Fig. 9);
they suggested their striations consisted of folded-chain lamellae developing
by epitaxial crystallization on the extended-chain bands. Possibly the same ef-
fect could have occurred on the free surfaces during crystallization, exuded
low molecular weight material crystallizing epitaxially during cooling on the
higher molecular weight bands. Thus, correlation of the structure on PTFE-
free and fracture surfaces remains unclear.

Another observation by Wunderlich and Melilio [6] of both interest and
concern relative to our observations later of individual molecules mov-
ing on the substrates above the melting point was the development of fi-
brous, presumably extended-chain structures by monomer sublimation and
repolymerization/crystallization on the walls of an evacuated tube when
a PTFE sample in it was heated to 320 ◦C for 2 h (Fig. 10). Butenuth [11] had
earlier described similar observations. On colder surfaces the polymer formed
as strings of less than 0.1-micron circular platelets that the authors suggested
formed as a shish-kebab structure (Fig. 10, right side).

The morphology of nascent PTFE dispersion also remains unclear. Sev-
eral authors, during the next decade of PTFE morphology research, suggested
standard-size PTFE dispersion particles (ellipsoidal particles with dimensions

Fig. 9 Fracture surfaces of slow-cooled (at 4.6 ◦C/h after 5 h at 355 ◦C) PTFE samples that
were subsequently annealed at 316.2 ◦C for 40 min and 319.2 ◦C for 30 s. (Reprinted from
Ref. [6] with permission from Springer-Verlag)
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Fig. 10 PTFE filaments prepared by heating a PTFE sample in an evacuated tube to
320 ◦C for 2 h. The filaments collected on the hot wall of the tube. The inset shows the
“shish-kebab” structure formed when the walls were cool. (Reprinted from Ref. [6] with
permission from Springer-Verlag)

greater than 1000 Å) consist of folded ribbons [1, 12–14]. On the other hand,
we proposed that the folded-ribbon appearance was due to beam damage
(Fig. 15, [15, 16]) and, on the basis of dark-field diffraction contrast (DFDC)
and bright-field diffraction contrast (BFDC) micrographs of Teflon3 dispersion
particles (Fig. 14), suggested [4] that the dispersion particles contained “pie-
shaped” crystals, the molecules being tangential in the particles. As described
by Seguchi et al. [14], PTFE dispersion particles (described as granules), de-
pending on the polymerization conditions, can have a shape varying from
fibrils to rods to elliptical particles (Fig. 11). The fibrils were as small in diam-
eter as 200 Å and microns in length, the rods were 300–600 Å in diameter
and shorter than the fibrils, while the elliptical particles were still larger in
diameter and shorter, resembling the commercial material. They suggested
the variation in shape corresponded to a variation in molecular mass, from
below 2×104 Da for the filaments, from 2×105 to 5×105 Da for rods, to
above 106 Da for the elliptical particles, with the variation in shape and mo-
lecular weight related to changes in emulsifier concentration. The filaments
formed at a 2% concentration, the rods at 1%, a mixture of rods and par-
ticles at 0.5% and at 0% only nearly spherical to elliptical particles. They
suggested the fibrils folded to form the elliptical particles, in a manner simi-
lar to that proposed earlier by Rahl et al. [13] and Bunn et al. [1], both of
whom proposed the elliptical particles were formed by a folding up of rib-
bons. Seguchi et al. [14] suggested the filaments were extended-chain struc-
tures with the 500-Å long chains being considerably shorter than the greater

3 Trademark of E.I. du Pont de Nemours for its PTFE resin
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Fig. 11 Nascent radiation initiated PTFE dispersion particles. The polymerization con-
ditions were (a) 0% emulsifier, 90 min, (b) 0.5% emulsifier, 60 min, (c) 1% emulsifier,
60 min, (d) 2% emulsifier, 90 min, all for essentially the same radiation dose rate at
25 ◦C in water (with 1.3% hexadecane and ammonium perfluorooctanoate emulsifier) at
30-kg/cm2 pressure. The measured molecular weights, the corresponding extended chain
lengths (ecl) the and dimensional characteristics are, respectively, (a) Mn = 230×104,
ecln = 6.0 µm, particle volume approximately 7×108 Da; (b) Mn = 50×104, ecl = 1.3 µm,
rod diameter approximately 100 molecules; (c) Mn = 20×104, ecl = 0.52 µm ≈ rod length;
(d) Mn = 2×104, ecl = 520 Å. (Reprinted from Ref. [14] with permission from Wiley-
Interscience)

than 2-µm long filaments, resulting in defects and permitting the fibrils to
fold to form the rods and elliptical particles. The rod length, however, was
about the same as the extended-chain length and their diameters were simi-
lar to the diameters of the spherical particles polymerized with 0% surfactant;
thus, rod folding to form the particles seems unlikely. Rahl et al. [13], on the
other hand,had proposed the elliptical particles were formed from the folding
of thin (approximately 60-Å thickness) ribbons of extended-chain molecules,
again shorter than the ribbon length. Of particular interest was a micrograph
of a mechanically “dismantled” particle in which the ribbon was partially un-
folded (Fig. 12); the dismantling was accomplished by drawing a C-coated grid
across a drop of the suspension. On the basis of electron diffraction (ED) from
the particles and easy cleavage parallel to the axis of the ribbons, they sug-
gested the ribbons consisted of extended chains parallel to the long axis of the
ribbons.
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Fig. 12 “Partially unfolded” particle of dispersion PTFE produced by drawing a C-
coated transmission electron microscope grid across the surface of a drop of suspension.
(Reprinted from Ref. [13] with permission from Wiley-Interscience)

The structure of the dispersion particles was reexamined in the middle of
the 1980s, using high-resolution electron microscopy, by Chanzy and cowork-
ers [17–19]. A diffraction contrast image of elliptical (“spherical”) dispersion
particles was similar to that in Figs. 1 and 2, pie-shaped sectors corresponding
to the crystalline regions (inset in Fig. 13a). A lattice image of a corresponding
sector is shown in Fig. 13a [17], with the optical diffraction pattern shown in
the top right inset. Both the ED pattern corresponding to the diffraction con-
trast inset and the optical diffraction pattern indicate the molecular axes are
tangential in the imaged sectors. Lattice images of rod [17] (Fig. 13b) and fibril
(also called rods) particles [19] also revealed the presence of coherent crys-
talline regions, in this case 103–104 Å in length, with the chain axis parallel
to the rod axis. They also suggested [17, 19] that the rods (or fibrils) folded
back on themselves to form the elliptical particles, considering the rods to be
whiskers (i.e., single crystals). Similar to Seguchi et al. [14], the folding was at-
tributed to interfacial forces developing when the surfactant was used up, high
surfactant concentration protecting and preserving the whiskers.

Using oligomeric dispersion particles (estimated molecular weight of
3000 based on the melting point, i.e., 60 C atoms corresponding to an ex-
tended chain length of approximately 80 Å) that were more or less hexagonal
platelets of varying thickness extending up from ca. 50 Å4, Chanzy et al. [18]

4 The paper lists 50 nm, but says this corresponds to 40 C atoms.
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Fig. 13 Lattice images of (a) a sector in an elliptical particle and (b) a section of a rod par-
ticle. The upper-left inset in a is the electron diffraction (ED) pattern of the selected area
of the diffraction contrast image; two sectors contribute to the image with the reflections
being 100. The upper-right inset is the optical diffraction pattern from the bright area in
the image. In b the upper-left inset is a low-magnification image of the section of the rod
selected, while the lower-right inset is a magnified portion of the lattice image; the spacings
correspond to 100. (Modified from Ref. [17] with permission from Wiley-Interescience)

were able to image the hexagonal lattice, enhanced by computer filtering. An
optical diffraction pattern from the original negative had the 100 reflections
clearly resolved, with coherent 100 lattice planes (in one direction) extending
over distances greater than 105 Å. The relationship of the oligomeric crystals,
approximately 1000 Å in diameter, and the whiskers, approximately 200 Å in
diameter, to each other and to the growth of the elliptical particles was not
described. The surfactant concentration used for growth of the oligomeric
crystals was not stated but presumably was low since they were extracted from
a “conventional” PTFE polymerization at an early stage (less than 1% con-
version) [17], with conventional dispersions being predominantly elliptical
particles by design.

Considered here is the morphology of two commercial, so-called na-
noemulsion PTFEs (specially prepared such that at least one dimension is
below 1000 Å, both rodlike and hexagonal in shape), and the morphologies ob-
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tained by melting and then crystallizing their dispersed particles on a substrate
as a function of melt time and temperature. For comparison, similar stud-
ies with several standard-size PTFE dispersions are also described. Although
we discuss the structure of the particles and the morphology of the material
crystallized from the bulk melt, they remain items of concern and interest.

2
Experimental

The majority of the research described here was done with nanoemulsions ob-
tained from DuPont (TE-5070) and Ausimont (18749/26, hereafter A18749).
Mn of TE-5070, determined from the zero-shear melt viscosity, was 50 000 Da,
corresponding to an extended-chain length of 1300 Å, with a degree of
polymerization of 540.5 The light-scattering-determined particle size was
650 Å. The A18749 nanoemulsion had Mn = 200 000 Da, Mw = 49×106 Da
(number-average chain length of 5200 Å, weight-average chain length of
1.3×106 Å = 13 mm) and a particle size of 335 Å. The standard-size disper-
sion particles were several products of DuPont, TE-30, TE-3170 and TE-3698,
and a special resin prepared for W.L. Gore (labeled sample G) in the form
of dispersions, with sample G also available in powder form. The measured
weight-average molecular mass of TE-30 was 15–20×106 Da, the chain length
being 0.4–0.5×106 Å, and sample G had a weight-average molecular mass of
Mw of 50×106 Da and a weight-average chain length of 1.3×106 Å. The mo-
lecular masses of TE-3170 and TE-3698 are assumed also to be above 106 Da.

Diluted virgin dispersion particle suspensions were dried on carbon- or
Formvar-coated glass slides, by ambient- or freeze-drying, and shadowed with
Pt/C or Cr if desired; the substrates were then floated off on water or di-
lute HF and picked up on 200 or 400 mesh Cu electron microscope grids.
Micrographs of unshadowed samples, in both bright and dark field, were
taken under low-beam conditions with a Philips CM 12. Scanning electron
microscopy (SEM) photographs of Cr-coated particles of as-cast resin G, and
Teflon 30 after a compressive short shear on the glass slide, were taken at
2 kV on a field-emission Hitachi 4700. The as-cast particles on glass slides
were also sheared long distances with another slide or razor blade for trans-
mission electron microscopy (TEM). All original TEM micrographs, unless
noted, are printed here as negatives, prints being prepared from scans of the
negatives. Melting and recrystallization of dispersed dispersion particles was
accomplished by drying diluted suspensions on glass cover slips or thin films
of mica and heating between the platens of a compression-molding press;

5 In the hexagonal form, phase IV, that is stable from approximately 19 to 35 ◦C, depending to some
extent on molecular weight, there are 38.5 Da/Å chain length and 1.3 Da/Å3 of the lattice; dimensions
from Ref. [20]
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temperature control was no better than ±5 ◦C. It is not believed that the in-
dividual molecule motion on substrates described later is due to the sublima-
tion repolymerization/crystallization process described by Butenuth [11] and
Wunderlich and Melilio [6] since overlying cover slips showed no evidence
of transferred material. Furthermore Siegle et al. [21] list rate constants of
approximately 8.6×10–9 at 380 ◦C, the maximum temperature we used, and
less than 2.8×10–6 at 450 ◦C during vacuum pyrolysis of thin PTFE films and
Shulman [22] suggests degradation starts at about 450 ◦C on the basis of mass
spectrometric thermal analysis. Although the degradation rate results suggest
little degradation under our sintering conditions, they involve measurements
of the production, primarily, of C2F4 monomer, rather than changes in molecu-
lar weight, and would seem incompatible with the TEM results in Refs. [6, 11].
We thus suggest further examination is warranted, particularly since our an-
nealing temperatures and, sometimes, times were greater than those used in
the latter references. Sheared samples were “annealed” similarly. Resulting
samples for TEM were (usually, unless noted) shadowed with Pt/C, coated with
C, floated off on dilute HF (which dissolves the glass or mica) and picked up
on grids. Thick samples were prepared from dried dispersions by compressing
in a Fourier transform IR KBr pellitizer, followed by heating, in the press, in
a mold with holes of the same diameter. Fracture was in liquid nitrogen. The
mold was thicker than the pellet, resulting in a free surface.

X-ray diffraction scans at various temperatures were taken at Oak Ridge
National Laboratories using an mBraun linear position sensitive detector
mounted on a Scintag PAD X θ–θ diffractometer with a 2-kW Cu Kα source
operating at 45 kV, 40 mA and a Buhler high-temperature furnace. Tempera-
tures slightly below room temperature were obtained by running cooling water
through the coils of the furnace.

3
Results and Discussion

3.1
Nascant Particle Structure

3.1.1
Standard-Size Dispersion Particle Structure

Figure 14a is a typical TEM micrograph of Pt/C shadowed standard-size PTFE
dispersion particles, (here sample G) with dark-field images of unshadowed
particles in the insets; typical BFDC micrographs of several standard-size
DuPont dispersion particles are shown in Fig. 14b and c. The dark-field mi-
crographs, taken with 100 reflections, are similar to the bright-field ones except
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Fig. 14 (a) Shadowed sample of dispersed resin G. The insets are dark-field images. Low-
intensity bright-field diffraction contrast images of (b) TE-30 (bottom) and (c) TE-3698
(top), and TE-3170 (bottom). The upper part of b (d) has Pt/C-shadowed TE-30 particles;
the insets in c are enlargements of some of the particles. All scale bars in a given figure part
represent the same scale unless otherwise identified.
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for the reversal of, and increase in, the brightness of the diffracting regions and
a reduced number. As shown previously [4, 17], most of the diffracting regions
are more or less pie-shaped, extending outwards from the center, if the particle
is nearly spherical, or from a short central line, if the particle is elongated. In
the micrograph of TE-3698, for instance, pie-shaped domains can be found at
the ends of the elongated particles and along their lateral edges (arrows and
insets, Fig. 14c,top). The particles in this sample are all spherical to short el-
lipsoids, with the long axis less than approximately 1.5 times the short axis,
while in the other two dispersions the particles vary from spheres to rods. In
TE-30 (Fig. 14b) even the nearly equiaxed particles have a short rodlike appear-
ance; the rods, on the other hand, are smaller in diameter (the smallest shown
is 630 Å) and appear to grow out from (or into) a nearly spherical particle
(arrows). In TE-3170 (Fig. 14c, bottom) most of the particles have a shape simi-
lar to that in TE-3698; the few isolated rods, approximately 450 Å in diameter,
each have one blunted end, again suggesting linear growth from or folding into
a (smaller than for TE-30) nearly spherical particle. Although none of the rods
in these bright-field micrographs show diffraction contrast, in other micro-
graphs entire rods or large sections thereof “light up”, as in Fig. 13b, suggesting
they are single crystals.

The DFDC micrographs (e.g., insets in Fig. 14a) indicate the molecular axes
are parallel to the rod axis and are tangential in the pie-shaped domains at the
ends of the particles; in Fig. 14a several entire cross-section domains of the rod
in the upper right inset are scattering coherently. The length of the longest rod
in the micrograph of TE-30 and the longer rods in TE-3170 (inset in Fig. 14c,
bottom), assuming they are extended chain crystals, corresponds to molecu-
lar masses of approximately 105 000 and 135 000 Da, respectively, considerably
less than the presumed greater than 106-Da value. Although they may be a low
molecular weight component, chain folding would be required if they consisted
of average molecular weight molecules.

All of the undamaged particles in Fig. 14 are of nearly uniform pro-
jected electron density, decreasing near the boundaries. There is no TEM
evidence of internal structure. With increasing electron beam irradiation,
however, all of the particles develop the well-known large differences in con-
trast (e.g., TE-3170 in Fig. 15) that have been attributed by some authors to
folded ribbons or fibrils [1, 13, 14, 17] and that we [4] and others [15, 16] have
attributed to beam damage. It is noted the particles shrink considerably during
the beam damage.

On the basis of the shape of the crystalline regions imaged by diffraction
contrast, if folded ribbons or rods are present in the ellipsoidal particles there
must be only a single fold per particle diameter (i.e., three total folds, four rod
segments), the ribbon or the rod being half the diameter of the particle. In add-
ition the crystalline regions in neighboring ribbons in some of the particles
must be in diffraction register, the crystalline domain spanning the particle,
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Fig. 15 The images from top to bottom are of successively increased beam irradiation
damaged TE-3170

while the pie-shaped domains would result from a domain remaining in crys-
talline register as the rod is bent back on itself. The blunted or club ends
on many of the rods in Fig. 14b and d and Fig. 15 (arrows) would be consis-
tent with a folding up of the rods during growth, but with much shorter fold
segments.

Possible evidence for the folding, however, can be seen in Fig. 16a and b.
Figure 16a is a high-resolution SEM micrograph of Cr-coated, air-dried sam-
ple G particles; it suggests a folded-rod morphology is present with a number
of the particles, but with a rod diameter considerably less than half the particle
diameter (as suggested by the diffraction contrast micrographs) and a number
of folds. Several of these particles have a bent or blunted end (arrows). Fur-
ther evidence for the multiple-fold model comes from the SEM micrograph
in Fig. 16b, for which particles of TE-30 were compression-sheared before Cr-
coating. Presumably the kinks in the rods correspond to the folds, the shorter
distances between the kinks being similar to the particle lengths. Individual
rods in this figure are several tenths up to approximately 2-µm long. The lat-
ter, corresponding to a molecular mass of approximately 750 000 Da if they
contained extended chains, are much lower than the Mw. Of interest is a com-
parison of the length of the rods and the chain length; the rods are on the order
of 2 µm in resin G (Fig. 14a) and up to possibly 2 µm in the TE-30 sample in
Fig. 16b, whereas the weight-average extended-chain lengths are considerably
longer, 130 and 50 µm, respectively. We are thus left with the conclusion that
the proposed mechanism of polymerization as rods (or ribbons) followed by
their folding to form the particles is feasible, but both require folding of the
molecules within the rods, significant molecular shear when the rods bend
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Fig. 16 High-resolution scanning electron microscope micrographs of Cr-shadowed
(a) nascent resin G and (b) compression-sheared TE-30

back on themselves and then lateral correlation of the crystalline structure. To
our knowledge, none of these factors have been considered in discussions of
the polymerization process. Unfortunately, the polymerization conditions for
these standard-size resins are unknown; in a paper describing the structure of
particles of a nanoemulsion in which the polymerization process was stopped
at an early stage, Chanzy et al. [18] indicated a polymerization temperature of
80 ◦C in water.

3.1.2
Nanoemulsion Particle Structure

Figure 17 shows unshadowed A18749 nanoemulsion particles. The particles
are essentially all rods, of various length up to approximately 1500 Å, have
a diameter from approximately 75 to 400 Å and often with pointed ends, They
presumably correspond to a stage of the polymerization before the surfactant
was depleted and particle folding took place. BFDC from a similar sample (in-
set) suggests that the rods are single crystals with the molecular axes parallel
to the long axis. 1500 Å corresponds to a degree of polymerization of 630, and
a molecular weight of 58 000. If the zero shear viscosity determined molecu-
lar weight (Mn = 200 000 Da, Mw = 49×106 Da) is accepted, or even anything
close, the chains must be folded at the ends of the rod particles. Indeed, with
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Fig. 17 Low-intensity image of Ausimont A18749 nanoemulsion. The inset is a diffraction
contrast image of a similar nanoemulsion.

a diameter from approximately 160 to 240 Å in the longer rods, and a 4.9-Å
spacing of the 100 planes in the hexagonal (phase IV) lattice, a rod of 200-Å
diameter composed of a single, weight-average, folded molecule would have
a length of 1200 Å, slightly longer than typical particles in the micrograph. We
thus conclude all of the Ausimont particles consist of single or, at most, a few
molecules, a conclusion of significant implication relative to the polymeriza-
tion mechanism.

In contrast, the DuPont TE-5070 nanoemulsion particles are uniform in
size and morphology (Fig. 18a), all being more or less hexagonal platelets ap-
proximately 700-Å thick (from shadow lengths) and 750 Å in diameter. ED
(inset), in agreement with the shape, indicates the molecular axes are paral-
lel to the thickness direction. BFDC (inset in the lower right in Fig. 18b)) and
their shape indicate they are single crystals. Close packing of the particles dur-
ing solvent evaporation appears to result in their deformation (Fig. 18b). Beam
damage (left insets in Fig. 18b) results in particle shrinkage as shown by the en-
largement of interparticle holes, the development of high density “points” (the
white spots) and the formation of necks between touching particles. Although
somewhat smaller in diameter, the particles closely resemble the oligomeric
particles described by Chanzy et al. [18].

With Mn = 50 000 Da and a chain length of 1300 Å, the thickness is approxi-
mately twice the number-average molecular length, again suggesting chain
folding, as single or multiple folds, in the as-polymerized particles. However,
we know of no direct polymerization mechanism that would result in chain-
folded nascent particles, of either the form here or in the rods of A18749.
Although it is known that PTFE is insoluble in the polymerization medium, if
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Fig. 18 (a) Low-intensity image of DuPont TE-5070 nanoemulsion particles. An ED pattern
(100 reflections only) and the selected area used are shown in the insets (b) Densely packed
particles. The effect of beam damage is shown in the left insets. The right inset is a bright-
field diffraction contrast image.

the molecular weight determinations are accepted, the molecules for both na-
noemulsions would either have to first grow to their final length in solution and
then crystallize or have to reverse direction during addition of monomer to the
ends of the growing chains.

Unfortunately, for attempts to understand the development of the particle
morphology, polymerization history is not available for any of these samples,
all being commercial products. Presumably the DuPont nanoemulsion is pre-
pared similarly to the particles described by Chanzy et al., i.e., stopping a stan-
dard emulsion polymerization early, in their case at 1% conversion [18]. They
suggest the molecules come out of the aqueous solution as very short oligomers
(they indicate a polymerization temperature of 80 ◦C for “standard” resin), the
crystals thickening by growth on the exposed molecular ends [17, 19], a situ-
ation unlikely to produce folded chains. If they were extended-chain crystals
the “measured” molecular weight would be incorrect by a factor of approxi-
mately 2 and the distribution would be very narrow. In addition, if the observed
morphology represents the initial stage of growth, with folded or extended
chains, it is difficult to see how further growth would lead to the ribbons pro-
posed by Rahl et al. [13]. Although they could continue to grow, as whiskers,
to form fibrils or rods, most observed fibrils, including those described by
Chanzy et al. [17, 19] in other papers at the same time, are smaller in diameter
by a factor of 3–4.
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A possibly similar feature occurs in the dilute, high-temperature solution
polymerization of poly(p-oxybenzoate) single-crystal whiskers [23]. Large-
diameter, hexagonal, platelets grow at high monomer concentration. With
decreasing initial concentration they appear to split as condensation polymer-
ization continues, both within and at the ends of the particles. resulting in
a coherent central core of a bundle of rods (whiskers). The individual whiskers,
approximately 100 Å in diameter, which grow at low concentrations, are pro-
posed to develop by the extended-chain crystallization from solution of short-
chain oligomers which then undergo end-linking within the crystal lattice,
giving off acetic acid, which aids the splitting of the central core. However, there
is no evidence for a similar process here.

Desirable would be a study sampling a standard polymerization process
as a function of time, a study most easily carried out in an industrial labo-
ratory involved in PTFE polymerization. In the only such report we know of,
Seguchi et al. [14] compared particles formed at 70 ◦C, 0% emulsifier, for 10
and 150 min, with the micrographs being similar to those in Fig. 11a. In both
samples the relative population of particles and rods appears similar, with the
rods and particles increasing in both diameter and length with polymeriza-
tion time and the molecular mass increasing from 90 to 1300×104 Da. The
Ausimont particles would appear to be formed under different conditions than
the DuPont material. Although, on the basis of the study by Seguchi et al. [14],
it would appear that a higher emulsifier concentration was used for the Ausi-
mont sample, there must be further differences since both the rods (if extended
chains) and the hexagonal crystals would be expected to start growth as thin
single crystals of aggregated oligomers. Among the differences, it would appear
that the Ausimont particles were initiated at various times, while the DuPont
particles were initiated at the same time.

3.2
Wide-Angle X-Ray Diffraction of Nascent Particles
as a Function of Temperature

X-ray diffraction scans of a standard-size resin (dried sample G), TE-5069,
a dry DuPont resin similar to TE-5070, and dried A18749 nanoemulsion are
shown in Figs. ??–21. The results are useful for comparison with the effect of
sintering the dispersion particles at similar temperatures. Considering first
the standard-size resin, we show heating and cooling curves for sample G in
Fig. ??a and b, respectively. The presence of 107 and 108 peaks at 25 ◦C is
indicative of the hexagonal lattice, 15/7 helix, phase IV structure [24]. They
disappear by 34 ◦C, owing to the “35 ◦C” transition to the phase I structure,
merging to form the broad peak centered, e.g., at about 39◦ 2θ at 100 ◦C. The
200 peak, buried as a shoulder of 107 at 25 ◦C, and the 110 peak shift to smaller
angles with increasing temperature and nearly disappear at 375 ◦C. The peak
labeled 300, on the other hand, appears to remain at a constant angle; we sug-
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gest it is a compound peak of 300 from the PTFE and an inorganic impurity
(possibly the platinum from the sample holder), the PTFE peak becoming sep-
arately visible owing to lattice expansion at about 100 ◦C (arrows). The peak
at approximately 49.5◦ 2θ is tentatively assigned to 118; however, it remains
visible up to at least 100 ◦C, whereas the quadrant reflections in PTFE fiber
patterns were shown to disappear at the 35 ◦C transition [24].

All of these effects were reversible with temperature (Fig. ??b), 110 and 200
reappearing when cooled to 325 ◦C, 300 at 200 ◦C, 118 at 100 ◦C and 107 and
108 below 35 ◦C. In a separate temperature scan of 100 (Fig. ??c) there was
a similar decrease in scattering angle, the decrease increasing rapidly above
300 ◦C, with the peak broadening significantly at 350 ◦C and losing approxi-
mately half of its intensity between 350 and 375 ◦C. This figure is printed such
that the broad, amorphous scattering background does not show. As shown in
Fig. ??d, which shows only the high-temperature scans, at 400 ◦C the peak was
absent. On cooling a much smaller peak reappeared at 375 ◦C, growing in in-
tensity at 350 ◦C. It assumed its normal shape by 325 ◦C and increased in 2θ
with further cooling. On a second heating and cooling the curves in Fig. ??c and
d were reproduced except that the intensity of the 100 peak at 375 ◦C on heating
was considerably lower, i.e., more crystals had melted than when the nascent
resin was heated, suggesting a greater degree of disorder and/or smaller crys-
tal size. However, as shown in Fig. ??d (inset), 100 after melting is narrower
and at a smaller angle than before melting, suggesting a larger lateral crystal
size, corresponding to the development of the bands, and looser lateral pack-
ing; the greater melting at 375 ◦C is thus attributed to the less perfect packing
in the crystals. In comparison with the high-temperature scans in the main
part of Fig. ??d, almost no “amorphous scattering” (the broad peak centered
at approximately 15◦) is present at room temperature.

Elevated temperature scans of TE-5069-AN during heating are shown in
Fig. 20a. At 27 ◦C the 107 and 108 reflections have already nearly disappeared,
with 110 and 200 being visible up to 300 ◦C. An “amorphous” scattering de-
velops at angles less than that of the 100 peak at temperatures above 300 ◦C,
with a small 100 peak remaining at 350 ◦C (the maximum temperature for this
scan, with 100 being similar, but relatively smaller than the 100 peak in sam-
ple G at 375 ◦C). Cooling the nascent resin below room temperature resulted
in development of the 15/7 helix during cooling, as evidenced by the presence
of the 107 and 108 peaks (Fig. 20b) which are retained down to at least 14 ◦C
(the lowest temperature attainable by running cold water through the heating

Fig. 19� X-ray scans of resin G. (a) First heating, with temperatures indicated. Five min-
utes was allowed at each temperature for thermal equilibration for all samples. (b) Cooling.
(c) 100 reflections as a function of temperature during heating and cooling. (d) 100 reflec-
tions at elevated temperature with the lowest curve being taken during heating, and the
upper curves during cooling. 100 reflections at room temperature before and after heating
to 400 ◦C are inset in d
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Fig. 20 X-ray scans of TE-5069. (a) First heating, with temperatures indicated. The 100 �peak
is nearly gone at 350 ◦C. (b) Effect on the high-2θ region of cooling the nascent resin to
14 ◦C prior to any heat treatment. (c) Effect on the high-2θ region of cooling the resin
to 14 ◦C after first heating to 400 ◦C. (d) Effect on the 100 reflection of cooling the resin
to 14 ◦C after first heating to 400 ◦C. The inset shows the 100 reflection before and after
heating to 400 ◦C.
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stage); this is below the “normal” 19 ◦C transition to a 13/6, phase II helix.
After heating to 400 ◦C and cooling (Fig. 20c) the 107 and 108 peaks are present
at 27 ◦C although they were not present initially in the nascent resin at 27 ◦C
(Fig. 20a), and there is a partial transformation to phase II at 14 ◦C. As in the
case of sample G, the 100 peak at 27 ◦C, before heating, is considerably broader
and at a larger angle than after cooling (Fig. 20d). Cooling to 14 ◦C resulted in
splitting of the 100 peak, corresponding to the presence of both phases. Also,
as in the case of sample G, the 100 peak at 27 ◦C, before heating, is considerably
broader and at a larger angle than after cooling (inset in Fig. 20d).

Retention of the hexagonal 15/7 helix structure during the first cooling
of the nascent TE-5069 resin to 14 ◦C is attributed to the better packing of
the chains in the as-polymerized lattice. This can also be seen in the low-
temperature scans for the dried A18749 resin in Fig. 21; on first cooling the
nascent resin, phase IV is present at 27 ◦C and is retained down to 14 ◦C. The
107 and 108 peaks, however, are relatively broad, possibly owing to the small
cross-sectional area of the rods (Fig. 17) and are decreased in intensity and ap-
proached each other as the sample was heated to 27 ◦C. After melting at 400 ◦C
and cooling, the 107 and 108 peaks are sharper and an amorphous scattering
has developed at angles below that of the 100 peak. The 100 peak before heat-
ing was, again, broader and at a slightly larger angle before melting than after
cooling. We attribute the X-ray results to more perfect crystals being present
in the nascent resins, crystals that become larger in lateral dimensions after

Fig. 21 X-ray scans of A18749. The lower three scans show the effect of cooling the nascent
resin to 14 ◦C prior to any heat treatment. The uppermost scan is after heating to 400 ◦C
and cooling.
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melting and recrystallization, but that are less perfect. As shown by Fig. 21, an
amorphous component remains after the first heating to the “melt”.

3.3
Thin-Film Crystallization from the “Melt”

3.3.1
Standard-Size Resins

For the standard-size DuPont dispersion particles, the effect of time and tem-
perature in the “melt” was examined to a greater extent for TE-3170, with less
extensive study of the other two resins. Figure 22 shows the effect of sinter-
ing time at 350 ◦C, with the samples in Fig. 22a–c slow-cooled by leaving them
between the platens of the press as it cooled down. Five minutes of sintering
resulted in no apparent change in particle size (approximately 2000-Å diam-
eter) or shape (Fig. 22a). The only change was the smoother Pt/C coating as
compared with its granulation on the virgin particles (lower inset) and the de-
velopment of a thin film surrounding each aggregate of particles (upper insets).
We suggest the film and the cause of the granulation is due to the emulsifier
agent; the 5 min of heating is sufficient for it to flow off the particles, evapo-
rating after 10 min of heating (Fig. 22b). Although granulation on the particles
could be a result of aggregation of the Pt/C on the “liquidlike” surface, it does
not occur on the films. This granulation is typical of the appearance of Pt/C
or Pt/Pd shadowed nascent PTFE particles [4, 12] although it was not appar-
ent on the Cr-coated particles used for the SEM micrograph in Fig. 16 or in
Ref. [15]. The inset ED pattern in Fig. 22b, consisting of numerous 100 reflec-
tions, is from the selected area also inset. In the lower-left inset, from another
area of this sample, some of the particles have developed “double striations”,
to be discussed further later. The arrows indicate small particles, considerably
smaller then the nascent particles, in which the doubling has resulted in an
M in the shadows, indicating the center between the striations is thinner than
the striations themselves. The dimensions correspond to a molecular mass of
approximately 11×106 Da.

Sintering at 350 ◦C for 30 min (Fig. 22c) results in the development of larger,
angular particles. Several of the particles (large black arrows, more than
6000-Å long) have planar faces, giving the suggestion of the particles being
hexagonal rods; several of the others (white arrows) have a planar face with
steps suggesting the presence of thin lamellae parallel to the face. In add-
ition to the particles, a thin film, either fractured more or less at random or
at domain boundaries, presumably during cooling, covers the substrate. ED
from this film (inset, from the region indicated by the small black arrow) is
a single-crystal [001], PTFE pattern. If quenched into water after 30 min in the
melt (upper-right inset in Fig. 22c) the structure resembles that obtained by
slow cooling after 20 min of sintering time (not shown); the particle size is es-
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sentially unchanged although some merger, flattening of the boundaries and
development of double striations (arrows) appears to have occurred.

Further enlargement of individual particles, up to nearly a micron in length,
with most having one or more sets of double striations occurs after 60 min
(Fig. 22d). “Tails” of varying length grew (inset in particular, from another area
of the same sample); these consisted of a single double striation as shown more
clearly in subsequent micrographs. Some granulation of the shadowing mate-
rial has occurred, even on the substrate, in part owing to this sample having
been overshadowed. After 2 h all evidence of the original particles disappeared
with both lamellae and “mounds” with superimposed double striations (with
an approximately 400-Å separation) present (Fig. 22e). We suggest the mounds
are incipient bands; they appear similar to those described by Symon [9] for
2-h melt time at 380 ◦C (the only conditions described). Numerous small par-
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Fig. 22 Morphology of dispersed TE-3170 held at 350 ◦C as a function of time prior to slow
cooling: (a) 5 min; (b) 10 min; (c) 30 min; (d) 60 min; and (e) 120 min. The sample in the
upper-right inset in c was quenched into water after 30 min in the melt with the other in-
sets being from the same samples as the in the main micrograph. Arrows and insets are
discussed in the text. In all images the scale bars in the insets are the same scale as in the
main figure part, a nondescribed arrow indicates a region enlarged in the inset

ticles, with one dimension on the order of 1000 Å, are present on the substrate.
Although not apparent in his micrograph, in other micrographs (e.g., the inset
in Fig. 22b) they consist of short, double striations; we believe they are PTFE.
With a molecular mass of 1.3 Da/Å3 in the crystal, they clearly contain many
more than one molecule, but, on the other hand, are smaller than the original
nascent particles. As discussed further later, we suggest they are due to motion
and aggregation of individual molecules on the substrate.

In TE-3698 held for 20 min at 350 ◦C and then slow-cooled (Fig. 23a), the
structure resembles that for TE-3170 sintered for the same time; the original
dispersion particles appear to merge to a substantial degree with the bound-
aries nearly disappearing. Double striations (approximately 400-Å spacing)
are present on some of the elongated particles, the arrows indicating the re-
gions enlarged in the insets. Further merger, with enlargement of the particles
to more than 0.5 µm, occurs after 30 min (Fig. 23b). Thin, short “bands”, re-
sembling those previously described for fracture surfaces of PTFE melted at
380 ◦C [1–4] are present on several of the particles (arrows). Longer sintering
times were not examined. The insets in Fig. 22c suggest the domains are single
crystals.

Sintering TE-3170 at a higher temperature, 380 ◦C, for 5 min (Fig. 24a) re-
sults in some rearrangement and partial merger of the particles, including the
development of double striations on some of them (inset). A thin film simi-
lar to that in Fig. 22a (350 ◦C, 5 min) surrounds each cluster of particles. The
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Fig. 23 Morphology of dispersed TE-3698 held at 350 ◦C for (a) 20 min and (b) 30 min be-
fore slow cooling. The ED pattern and the image with the selected area in b (insets) are
from another negative.

rods in this micrograph are artifacts. There is further flattening, merger and
development of larger particles, up to 0.75 µm, some with double striations,
after 10 min at 380 ◦C (Fig. 24a, upper-left inset). Heating of the particles for
20 min followed by slow cooling results in bands (Fig. 24b) similar to those
reported by Symons [9] for 2-h melt times. Double striations (550-Å spac-
ing in the inset) extend the length of the bands, with short “tails”, consisting
of a single double striation, extending out from one or both ends. After 2 h
in the melt, presumably for an area with fewer particles initially, the double-
striation tails are longer with, in some cases, only the tail being seen (Fig. 24c).
The striations are more clearly seen when the shadow direction is normal to
the striation. For the same heat treatments, similar bands were observed for
TE-3698 and TE-30, with the tails often being longer than a micron in TE-
3698. With the original particles being relatively randomly dispersed, as in
Figs. 14 and 15, there clearly is significant molecular motion during the struc-
ture formation, more so at 380 than at 350 ◦C. In comparison with the striations
described by Wunderlich and Melilio [6] (Fig. 9) resulting from the presumed
epitaxial rearrangement and folding of molecules on the surface, during an-
nealing or cooling, of bands visible on fracture surfaces of Bunn et al. [1]
type samples (Fig. 1), the striations shown here are much longer and more
clearly defined; they resemble those described by Bunn et al. [1] (Fig. 2) and
Symons [9] (Fig. 8).
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Fig. 24 Morphology of dispersed TE-3170 held at 380 ◦C for (a) 5 min (upper-left inset,
10 min), (b) 20 min and (c) 120 min prior to slow cooling

Examples of the effects of sintering TE-30 and resin G are shown in Fig. 25a
and b, respectively. Similar morphologies develop. Well-formed bands with
superimposed double striations (450–600 Å spacing) are seen in the TE-30
sample after 30 min at 380 ◦C. As shown by the ED pattern from the selected
area, the molecular axes lie in a plane normal to the band axis, likely parallel
to the substrate. This would agree with the birefringence results of Symon [9].
In the upper-right inset in Fig. 25a, from a TE-30 sample sintered at 380 ◦C
for a shorter time, (20 min on mica) isolated double striations (approximately
350-Å spacing) of varying length, up to approximately 1 µm, are present. Even
the shortest particles are double striations, with ones such as that indicated by
an arrow having a volume corresponding to 2–3 Mw molecules; many are much
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Fig. 25 Morphology of dispersed (a) TE-30 held at 380 ◦C for 30 min (inset 380 ◦C/20 min)
and (b) resin G held at 350 ◦C for 1 h (main figure part and lower-right inset) and 2 h
(center-right and lower-center insets)

smaller. On the other hand, even the largest ones have a volume less than that of
the original particles. We thus suggest, as emphasized later, that during sinter-
ing individual PTFE molecules diffuse away from the dispersion particles and
can then be “trapped” on the substrate when cooled, crystallizing as single (or
few) molecule, folded-chain single crystals. The larger ones, obviously, consist
of a number of molecules, raising the question of whether they either formed
in the melt or were a residue of an original particle. This is partially answered
by the lower-left inset, of a similar 380 ◦C, 30 min sample quenched into wa-
ter rather than slow-cooled. Although the bands are somewhat narrower, the
double-striation tails are of similar size. As will be emphasized later, the struc-
tures observed are essentially independent of the cooling rate, suggesting they
are forming in the melt. In the various parts of this micrograph none of the
original particles can be identified.

In the main portion of Fig. 25b, of sintered resin G, individual double stria-
tions grow out from the dispersion particles that were held at 350 ◦C for 1 h. As
shown in the lower-right inset, the rod particles may serve as epitaxial nuclei
for the double-striations which then can continue growth on the substrate. The
doubled nature of the striations is seen most clearly when they are on the par-
ticles. In the lower-center inset (380 ◦C, 2 h) two double striations are present
on and extending from the particle; it is not known whether the particle is
a short rod or an ellipsoid. At the center of the micrograph and in the center-
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right inset (380 ◦C, 2 h) folded-chain, faceted lamellae have grown parallel to
the substrate.

In a recent paper Dürrschmidt and Hoffmann [25] describe their SEM and
atomic force microscopy (AFM) studies of the effect of sintering single-layer
films of relatively closely packed standard-size dispersion particles (product of
Dyneon, approximately 2200-Å diameter) deposited by immersion and with-
drawal of a “glass tissue” in a 60% concentration dispersion. They report band
structures (labeled as worms), indicating their thickness (likely width, since
it was from SEM images) was the same as the particle diameter and suggest
they develop by interdigitation of extended-chain molecules in the nascent
particles merging end-to-end. On the basis of our ED results from the double
striations extending from the bands (Figs. 25a, 26d) and their likely relation-
ship to the bands on fracture surfaces (Fig. 36b, c) and the birefringence results
of Symon [9], the molecular orientation in the bands is perpendicular rather
than parallel to their axis. In addition the width of the bands (and their thick-
ness) can vary significantly, being considerably larger, e.g., than the A18749
particles whose sintering is discussed later. They also state a molecular mass
of 7×106 Da, corresponding to an extended-chain length of 2.6 µm, an order
of magnitude larger than their particle dimensions, rendering their model
invalid. Of particular interest, however, is their Fig. 8, showing the effect of sin-
tering at 400 and 420 ◦C for 5 h; this extends the temperature range we have
used. Although the figure is not discussed in the paper, in addition to relatively
narrow “worms” [possibly related to the on-edge lamellae or ribbons (double
striations) in, e.g., Figs. 24c, 27a, 30] there are long, flat-appearing structures
of unknown origin and structure; we have not observed similar structures.

3.3.2
Nanoemulsions

3.3.2.1
High Molecular Weight

With a lower melting point, similar structures were observed for TE-5070 and
the Ausimont nanoemulsion particles for shorter melt times and/or lower
temperatures. Figure 26 shows the effect of melt time at 350 ◦C on the re-
sulting structures of the Ausimont resin. A melt time of 5 min (Fig. 26a) is
sufficient to produce major changes in morphology. Many of the particles
have merged to form larger structures, similar to those in Fig. 22e for TE-
3170 after 120 min at 350 ◦C. They consist of a single lamella, approximately
400-Å thick, with a superimposed long double striation (approximately 400-Å
spacing) and, in some cases, additional, shorter double striations. Numer-
ous small, isolated particles are also present, as in Fig. 22e, here about 400-Å
wide and of varying length. They thus appear larger in diameter than the
nascent particles (approximately 200 Å, Fig. 17) but these are shadowed, with
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Fig. 26 Morphology of dispersed A18749 nanoemulsion held at 350 ◦C as a function of time
prior to slow cooling: (a) 5 min; (b) 10 min; (c) 30 min; (d) 60 min. Black arrows indicate
regions in the insets; white arrows (in d) indicate highly retracted upper edges of lamellae

the shadowing contributing to the apparent diameter. At higher magnifica-
tion nearly all of these particles consist of a single, short double striation
(inset). For melt time of 10 min a number of different morphologies were ob-
served in different areas of the same sample (Fig. 26b). In the main part of
the figure all of the original particles have merged to form larger double-
striation particles (approximately 500-Å spacing) of varying length, i.e., all
wider than the original particles. The upper-middle inset is from near the
center (arrow) of the large micrograph. The upper-left inset is from another
region of the sample having a lower original density of particles; the arrows
indicate very small particles that are doubled. The large upper-right inset is
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also from another area of this sample; it consists of single, long double stri-
ations with an approximately 300-Å spacing. Lamellae of the type in Fig. 26a
were also present in this sample. The lack of differentiation between melt times
of 5 and 10 min is likely due to the slow cooling in the press, some areas
staying in the melt longer than others because of local variations in cooling
rate.

For both 30 and 60 min (Fig. 26c, d, respectively) further merging occurs,
with the (gradual) development of larger lamellae and elongated structures
with, apparently, the double striations (inset in Fig. 26d). We suggest the elon-
gated structures are related to the bands in, e.g., Figs. 22e and 24c and d. The
inset diffraction pattern in Fig. 26c, obtained, in general, from the lamellae,
indicates they are single crystals, with the chain axes normal to the lamellae.
Of additional interest in this micrograph is the “excessive” height of the more
or less cylindrical protrusions (arrows); they may be related to the whisker
growths of TE-5070 in Fig. 35. The lamellae in Fig. 26c and d are quite thick,
having a thickness on the order of 600 Å in Fig. 26d. However, with a number-
average chain length of 5200 Å and a weight-average length of 0.127 mm the
molecules are clearly folded. The ED pattern in Fig. 26d is from a region of
single double striations; since only a pair of 100 reflections is present, it sug-
gests the molecules are normal to the striation axis and either parallel to the
substrate or at some angle to it. In none of this type of pattern was any other
reflection (e.g., 107 or 108) seen that would help in determining the crystal
orientation.

Of particular interest is the sample shown in Fig. 27a, heated at 350 ◦C for
30 min after dispersion on a mica substrate. Epitaxy was not evident on this
sample but was observed for some other nanoemulsion samples sintered on
mica (Fig. 27b) and on, presumably, NaCl (Fig. 27c). In Fig. 27a, in addition
to the single double striation (approximately 250-Å spacing, 675-Å height)
extending the entire width of the micrograph, even the smallest of the indi-
vidual particles are double striations, with an overall width of approximately
450 Å. The lengths of many of them are also approximately the same, only the
height varying. The apparent spacing of the long double striation is consider-
ably smaller than in the particles, possibly because of the much greater thick-
ness (height). For a “typical” particle of size 450×800×100 Å (e.g., arrow),
the molecular mass, if the particles are crystalline, would be approximately
50×106 Da, i.e., the particles might consist of a single, weight-average, folded
molecule. The length and isolation from other material of the double striation
in Fig. 27a, as well as the general appearance of the material in Fig. 26a, c and
d, suggest considerable motion (flow) of the molecules on the substrate. We see
no evidence, in the micrographs of the dispersed particles, for the linear array
of particles that would be required for the double striation in Fig. 27a if motion
did not occur. Even with the suggestion of motion, however, our only sugges-
tion for the mechanism of the formation of such a linear structure with the
corresponding high surface energy is that it is a folded-chain, on-edge lamella
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Fig. 27 Morphology of dispersed A18749 nanoemulsion sintered (a) on mica (350 ◦C for
30 min) and (c) in the presence of adventitious NaCl on glass (350 ◦C, 2 h). (b) Epitaxially
oriented bands of a nanoemulsion similar to A18749 sintered at 350 ◦C for 30 min on mica

(ribbon) which can only grow parallel to the substrate because of the difficulty
of molecules to “climb” the fold surface to grow normal to the substrate.

As shown by Fig. 27c, NaCl appears to serve as a nucleating agent as well as
an epitaxial substrate. Double striations are nucleated at the surface, growing
out perpendicular, as well as being oriented on the surface parallel to the faces.
In this case there even seems to be some climbing of the molecules up and over
the NaCl surface.

Figure 28a and b contains micrographs of two samples of Ausimont na-
noemulsion held at 380 ◦C for 20 and 30 min, respectively, before slow cooling
in the press. In Fig. 28a the ends of large, well-developed bands are seen,
each with numerous double striations; each has a total width of approximately
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Fig. 28 Morphology of dispersed A18749 nanoemulsion held at 380 ◦C for (a) 20 min and
(b) 30 min before slow cooling

900 Å with a 350-Å spacing. As in Fig. 24d, for instance, several of the double
striations extend individually from the ends of the bands, here for distances
of several microns. Many have the appearance of growing up from a narrow
lamellae lying parallel to the surface. The center-to-center separation of the
two striations in the pair is smaller in the individual double striations (less than
200 Å) than on the bands. ED patterns of lamellae, as in Fig. 28b, are again 00l
single-crystal patterns. Although the appearance of some regions of Fig. 28b
(arrows) suggests beam damage may be causing shrinkage and pulling up off
the substrate of the sample, this cannot be the case since the shadowing was
done prior to insertion of the sample in the beam. The height of the shadows
in Fig. 28b (arrows) suggests the lamellae are twisting up off of the substrate
as they grow or cool. The small particles are about the same size as the smaller
of the original particles; as shown in the inset in Fig. 28b, they often consist of
short double striations. The arrow in the inset indicates a particle where the
shadow is split, corresponding to the valley between the striations.

3.3.2.2
Low Molecular Weight

A similar sintering time sequence for TE-5070 at 350 ◦C is shown in Fig. 29. In
5 min there is a smoothing of the boundaries, a decrease in thickness (to about
300 Å) and a corresponding increase in lateral size (to more than 1000 Å) of the
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original particles (Fig. 29a; a micrograph of shadowed, as-dispersed particles
at the same magnification is shown in the inset). There is a further increase
in size of the merged units (to more than 2000 Å) after 10 min (Fig. 29b). In
some regions (e.g., inset) thin double striations (approximately 100-Å spac-
ing) can be seen. As in Fig. 23b, the inset ED pattern and selected area, from
another negative, suggest the domains are single crystals. A number of nascent
particles must have merged to form each of the domains here. After 20 min
lamellar spherulites were found in some areas with the boundary between two
spherulites shown in Fig. 29c (for lower magnification of similar spherulites,
see Fig. 29d). The overgrowth lamellae develop along splits in the basal lamella.
On the left-hand side and the bottom of the figure the lower edge of the over-
growths are sloping, the upper, apparent growth face, edges are sharp; the
opposite occurs at the upper left. Presumably the sloping edge corresponds to
the growth face of the underlying lamella. In addition, however, there is also
a ridge more or less along the center of each overgrowth that, in some cases,
connects to the split in the basal lamellae (black arrows) and in other cases,
in which they are less distinct, seems connected to the edge of a neighboring
overgrowth (white arrows on the right). The white arrow on the left indicates
an indistinct ridge for which there is no neighboring overgrowth. For all of the
white arrows we suggest they indicate the edges of lamellae that lie underneath
the surface lamellae. In a few cases the growth face of one of the overgrowths
grows over another (black on white arrows). The latter is seen more frequently
in the spherulites in Fig. 29d, of a sample sintered for 30 min The common
orientation of the growth faces of the overgrowths is seen here also; in the
upper part of the lower spherulite they all point in a counterclockwise direc-
tion, while in the upper spherulite they are in a clockwise direction. Also of
interest is the texturing of the surface of the regions with a single lamella in
both Fig. 29c and d, the overgrowths usually being smooth, and the thin “sec-
ond edge” of the basal lamellae most clearly seen in Fig. 29c (white on black
arrows). The texturing may be due to differential thermal shrinkage of the
lamellae and the substrate, with granulation, on a scale larger than granulation
of the shadowing material, being seen on many of the single-thickness lamel-
lae in the various samples. ED from the approximately 250-Å-thick lamellae in
the spherulitic samples are [001] patterns, again indicating chain folding, the
number-average chain length being 1300 Å.

In the samples sintered for 20 min and longer, in addition to the spherulites,
individual single crystals, single striations and bands with both single and dou-
ble striations were also seen; the latter is shown in the inset in Fig. 29d, while
the first two are shown in Fig. 30 (350 ◦C, 60 min) with appropriate ED pat-
terns inset in Fig. 30b. In both of these micrographs, as for the basal lamellae in
Fig. 29c, the single crystals have a double edge, the upper one appearing some-
what more rounded than the lower, but here, almost as thick. The striations
appear single over most of both figures and again appear to grow up from more
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Fig. 29 Morphology of dispersed TE-5070 held at 350 ◦C as a function of time prior to
slow cooling: (a) 5 min (the inset shows shadowed nascent particles at the same magni-
fication); (b) 10 min (the upper inset is from the area shown by the arrow; the two lower
insets are ED patterns from a selected area from another negative); (c) 20 min; (d) 30 min.
For a description of the arrows, see the text

or less ribbonlike lamellae lying parallel to the substrate. A possible normally
spaced double striation is indicated by the arrow in Fig. 30a (inset). The sub-
strates in Fig. 30 are “clean”, indicating all PTFE has aggregated in the crystals
and striations.

The effect of sintering time at 380 ◦C for TE-5070 is shown in Fig. 31. In
5 min, with slow cooling, single crystals and apparent single striations are
already present (Fig. 31a). Overlapping lamellae, approximately 200–400 Å
thick, are present in Fig. 31b (380 ◦C, 20 min); the granular regions are again
believed to be a single lamella thick. For the overlapping to occur consider-
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Fig. 30 Morphology of dispersed TE-5070 held at 350 ◦C for 60 min. The arrows in b indicate
the selected areas giving rise to the inset ED patterns

able fluidity and molecular motion must occur. ED from the striation regions
again indicates molecular axes normal to the striations (approximately 200-Å
spacing) and at some angle to the substrate (inset, Fig. 31c, 380 ◦C, 30 min),
with ED from the lamellar regions indicating molecular axes normal to the
substrate (inset, Fig. 31d, 380 ◦C, 30 min). Higher magnification (insets, from
the regions indicated by the arrows) suggests the striations are doubled, with
a small spacing. In Fig. 31d the overgrowth lamellae below the, apparently, in-
organic square crystal are tilted with respect to the substrate; above the crystal
they appear to become normal to the basal lamella, forming the striations. In
contrast to the situation in Fig. 27b, the crystal here did not give rise to epitaxy.
In nearly all cases the striations have an apparent inverted V cross-section,
often appearing to grow up from a basal ribbon. In Fig. 31d the edges of the
lamellae parallel to the substrate are doubled with the upper edge generally
slightly retracted from the lower. In the regions indicated by the white arrows,
however, the retraction is considerably larger, leaving an exposed single, lower
lamella of thickness approximately 150 Å.
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Fig. 31 Morphology of dispersed TE-5070 held at 380 ◦C for (a) 5 min, (b) 20 min, (c) 30min
and (d) 30 min

3.3.3
Mechanism

The previous micrographs clearly show that the sintering time at 350 and
380 ◦C affects the resulting structure for both nanoemulsions and the standard-
size dispersion particles; i.e., an equilibrium melt is not formed immediately,
even at 380 ◦C. The nanoemulsions form “more perfect” structures for the
same sintering time, with TE-5070 being more mobile than the Ausimont resin
presumably because of its lower molecular weight. This would appear to be in
contrast to linear polyethylene, for which reptation in the melt slightly above
the melting point can lead to nearly instantaneous reentanglement and, pre-
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sumably, random coil interpenetration across an interface (as in welding) [25].
With thicker samples one would have to consider the time required for the
heat to diffuse into the sample; with the thin samples here that is not be-
lieved to be a significant effect, the platens having a large thermal mass. With
the heating being done in air, degradation is a possibility; however, as indi-
cated previously, we found no evidence of repolymerized PTFE, as described
by Butenuth [11] and Melilio and Wunderlich [6] on cover slips covering the
samples and the degradation rate constants at our sintering temperatures are
very low [21, 22]. Another possibility is that PTFE does not “melt” at 350 ◦C
to an isotropic melt but rather may be liquid-crystalline and, presumably,
chain-folded in the thin films. With dispersed dispersion particles on a sub-
strate, time would be required for molecular aggregation and motion across
the substrate, domain enlargement and chain reorientation as the molecules
in the dispersion particles “disengage”, “wander” on the substrate and form
the resulting larger morphologies. We have proposed similar chain folding in
the mesomorphic melt for a random ter-polyester liquid-crystal polymer that
crystallizes from thin nematic films and on surfaces of nematic melts as chain-
folded lamellae [26, 27]. Indeed, there have also been recent suggestions, based
on rheological and thermal analysis measurements, that even linear polyethy-
lene has a liquid-crystalline character above the nominal melting point (up to
226 ◦C at atmospheric pressure) [28]. If so, the polyethylene “welding” would
have to occur in the liquid crystalline state, with the “reentanglement” being
a result of subsequent crystallization rather than random coil interpenetration.

In an attempt to see if there was structure in the melt, TE-5070 disper-
sions held at 350 ◦C for various times were quenched directly into water. After
5 min in the melt (Fig. 32a) substantial, but not total (inset), merger of clusters
of the nascent particles occurred, yielding mounds often larger than 0.5 µm
in diameter, with flat tops and slopping sides. Although likely not visible in
the reproduction, many of the small particles in the background are short
double striations; they are smaller than the nascent particles, having a vol-
ume (6×106 Å3) corresponding to approximately 160 molecules. In 10 min
(Fig. 32b) there was further merger and molecular flow; the mounds have be-
come thinner, although still tapered from a thicker, flat (now indented) center
and flat lamellae have formed in some areas. In most regions there are dis-
crete, visible boundaries between the domains; however, the arrow indicates
a region where two of the flattened domains overlap and appear to have re-
tained their identity. This raises the question of how the molecules in the
overlying lamella got there, apparently having to “crawl” over the underly-
ing lamella. After 20 min, only lamellar structures, approximately 100 Å thick,
were found, resembling those observed for slow-cooled samples after 20 min
sintering time (Fig. 29c) except that the edges are highly irregular and indented
or “fingered” (Fig. 32c). In other regions striations were also observed. If the
samples were thick enough well-developed spherulites and bundles of parallel
striations were found (Fig. 32d, 350 ◦C, 60 min).
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Fig. 32 Morphology of dispersed TE-5070 quenched directly into water after being held in
the melt at 350 ◦C for (a) 5 min, (b) 10 min, (c) 20 min and (d) 60 min

Water-quenching a A18749 sample after 30 min at 350 ◦C also results in ir-
regular fingered lamellae as well as double striations (Fig. 33). We thus suggest
that these films exist in the melt in the form observed after quenching; the fin-
gering is attributed to poor wetting of the substrate at the melt temperature.
Thus liquid crystallinity and chain folding in the melt, after sufficient sintering
time, is suggested, with a high degree of molecular mobility on the substrate.

Further evidence for development of the folded-chain lamellae in the melt
rather than by crystallization during cooling was obtained by reheating a pre-
viously well developed lamellar structure to 350 ◦C for an additional 30 min
and then water-quenching it. As shown in Fig. 20, the lamellae remain well de-
veloped, with no sign of the fingered edges seen if quenched when first melted,
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Fig. 33 Morphology of dispersed A18749 quenched directly into water after being held in
the melt at 350 ◦C for 30 min

Fig. 34 Morphology of (a, b) TE-5070 and c A18749 samples heated at 350 ◦C/30 min, slow-
cooled and then reheated to 350 ◦C for 30 min followed by quenching into water
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Fig. 35 Apparent PTFE whiskers grown from dispersed TE-5070 by holding in the 350 ◦C
melt for 30 min followed by slow cooling

in both single-lamella-thick films (Fig. 34a) and in multiple-lamella-thickness
films (Fig. 34b). The A18749 sample when treated similarly, on the other hand,
changed considerably in surface texture (cf. Figs. 34c, 26d). In both cases dou-
ble striations are seen, but in the reheated–quenched sample they are relatively
short and superimposed on an underlying film; possibly this is because the
sample in Fig. 34c is thicker than that in Fig. 26d.

Figure 35 depicts some unique PTFE structures found in one area of
a 350 ◦C, 30 min, slow-cooled sample, the rest of which resembled Figs. 29c and
d and 30. The shadowing in Fig. 35a indicates they are conical; although diffi-
cult to print because of their thickness, observation of the negative suggests the
cones are built up of a stack of gradually decreasing diameter lamellae. Thus,
these structures likely correspond to PTFE whiskers, the decreasing diameter
being due to the limited supply of polymer from which they grow. With a height
much greater than the nanoemulsion particle thickness, their growth again
emphasizes the substantial molecular mobility of PTFE in the melt. The back-
ground in this figure resembles that in Fig. 22c of the TE-3170 resin. The inset
ED pattern in Fig. 22c indicates it is PTFE rather than emulsifying agent; with
a layer thickness of less than 100 Å it presumably consists of folded chains or
segregated, very low molecular weight extended chains. A crack completely
surrounds the whisker in Fig. 35b. None of the cracks are spanned by fibrils;
although the film thickness corresponds to the order of ten folds per TE-5070
chain, the lack of fibers may not rule out chain folding depending on the fold
plane orientation and the ease of lateral separation of the molecules.
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3.4
Bulk Samples of Nanoemulsion

3.4.1
High Molecular Weight

Consideration is given to the sintering of the two nanoemulsions, samples of
greatly different molecular weight. The morphological effects of sintering of
standard-size resins have been discussed in the literature [1–4]. Figure 36a
and b shows typical fracture surfaces of a bulk, compacted sample of A18749

Fig. 36 Fracture surfaces of thick, compressed A18749 resin sintered at 350 ◦C for (a) 5 min
and (b) 30 min and (c) the sample in (b) reheated for an additional 30 min at 350 ◦C
followed by slow cooling in a compression-molding press with no pressure applied
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Fig. 37 Free surfaces of the samples in Fig. 35. The inset shows the same sample prior to
rinsing in methanol

sintered without pressure at 350 ◦C for (1) 5 min and (2) 30 min followed by
slow cooling between the platens of the press used as an oven. The bands re-
semble those described in the literature previously for standard-size resins
heated under similar conditions [1–4] except that the maximum thickness of
the bands is only approximately 0.5 µm, corresponding to a molecular weight
of approximately 200 000, i.e. Mn, but far less than the weight-average length
of 127 µm. If the molecular weight measurements are accepted, the bands are,
thus, chain-extended rather than extended-chain crystals. On the other hand,
if the nascent rods are assumed to be composed of extended chains, typical
chain lengths would be approximately one fifth of the striation lengths on the
fracture surfaces. The pulling out of fibrils, with lengths up to at least 15 µm,
during fracture, considerably longer than the length of the striations, suggests
chain folding in the bands. As shown further later, the Pt/C granulates on the
fibrils. Comparing the micrographs for 5 and 30 min of sintering, we find the
bands in the 30-min sintered sample are longer and the thickest are somewhat
thicker than in the 5-min sintered sample, again indicating sintering time as
well as cooling conditions affect the morphology. Figure 36c is of the same
sample as in Fig. 36b, reheated to 350 ◦C for an additional 30 min followed
by slow cooling. Being at higher magnification, the bands and their striations
are clearer, but no apparent change in structure occurred. In all three samples
a wide variation in band thickness is seen.

“Free surfaces” of the same sample as in Fig. 36 are shown in Fig. 37, be-
fore (inset) and after rinsing the surface with methanol. The as-sintered surface
is covered with indented regions that are similar in width to the bands on the
fracture surface, but shorter. Rinsing with methanol apparently removes an ex-
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Fig. 38 Fracture surfaces of quenched A18749 samples after sintering at 350 ◦C for
(a) 10 min and (b) and (c) 30 min. A free surface of the 350 ◦C/30 min sample is shown
in the lower-left inset in b

uded, low molecular weight coating, revealing the bands more clearly. There is
even a suggestion of the presence of striations on their surface, oriented normal
to the long axes on some of the micrographs. They thus differ from the bands
in the thin films and also from the free surfaces of standard resins previously
described. (Figs. 6, 7)

Quenching from 350 ◦C rather than slow cooling results in a more irregu-
lar structure. After 10 min of sintering, there is no appearance of bands, the
particles apparently only merging to a degree (Fig. 38a) Thirty minutes of sin-
tering at 350 ◦C, followed by water-quenching, leads to the development of thin
(less than 0.1-micron) bands, in some regions relatively isolated in the merged
particle matrix (Fig. 38b) and in others highly aligned over a substantial re-
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gion (Fig. 38c). In the latter figure the striations on the bands extend across
(are in register) a number of bands (inset). At the lower left, the bands appear
tilted with respect to the surface, having the appearance of lamellae. It is noted
that the fracture nearly always develops across the bands rather than parallel
to their surfaces, similar to the situation for extended-chain polyethylene [5].
A free surface of the sample in Fig. 38b and c is shown in the inset in Fig. 38b;
thin bands cover the surface and, as in Fig. 37, appear to be indented.6

3.4.2
Low Molecular Weight

Attempts were made to prepare similar samples of TE-5069. Although TE-5069
has a tendency to flow out between the mold and platen when melted at 350 ◦C,
thick samples were prepared by sintering in a well. When the thick samples
were sintered at 330 ◦C for 20 min and slow-cooled (Fig. 39) or 350 ◦C for 5 min
and quenched (inset), particle merger occurred in the interior, similar to that
in Fig. 29a and b for short-time anneals at 350 ◦C. Five minutes of sintering, fol-
lowed by slow cooling, on the other hand, resulted in the apparent development
in the interior of small-diameter, thin, folded-chain lamellae (Fig. 40), while on
the free surface linear features of unknown structure formed (Fig. 40, inset).
A longer sintering time at 350 ◦C (15 min) resulted in the development of thin
bands in the interior (Fig. 41a) with apparent merger across the end surfaces

6 Rotating either figure by 180◦ results in hills appearing to become valleys and vice versa. The orienta-
tion of the print was chosen by observation of shadow directions on adventitious dirt particles and/or
steep steps.

Fig. 39 Fracture surface of a slow-cooled 330 ◦C/20 min TE-5069 sample. The inset is of
a 350 ◦C, 5 min sample quenched in water
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Fig. 40 Fracture and (inset) free surfaces of a slow-cooled 350 ◦C/5 min TE-5069 sample

Fig. 41 Fracture surfaces of a slow-cooled 350 ◦C/15 min TE-5069 sample

occurring to various degrees (central region of Fig. 41a and all of Fig. 41b). In
Fig. 41b the original bands are believed to have been oriented in the vertical
direction. The thin bands, e.g., at the lower left of Fig. 41a are of a thickness
approximately equal to the extended-chain length.

Sintering at 350 ◦C for 30 min also results in a varying fracture surface struc-
ture, varying from residual bands (Fig. 42a) to merged bands (Fig. 42b) to thin
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Fig. 42 Fracture surfaces of 350 ◦C/30 min TE-5069 samples

lamellae. (Fig. 42c) Only the thinnest of the bands in Fig. 42a have a thickness
corresponding to the extended-chain length; most are considerably thicker
suggesting end-surface merger. We suggest the structure in Fig. 42b is due to
nearly complete end-surface merger, with fracture between sheets of molecules
in the merged bands. The linear steps would be due to steps in the fracture
plane at the location of the original ends of the molecules. The thin lamel-
lae in Fig. 42c we attribute to fracture at an interior void, i.e., the figure is of
a free surface rather than a fracture surface. In some of the areas of this sur-
face the lamellae have a double edge (inset), a feature also seen in several other
melt-crystallized polymers [29] and still not explained.

Figure 43a–d shows micrographs of the free surfaces of the samples in
Figs. 41 and 42. For sintering times of both 15 and 30 min lamellae of large lat-
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Fig. 43 Free surfaces of slow-cooled (a, b) 350 ◦C/15 min and (c, d) 350 ◦C/

60 min TE-5069

eral extent, parallel to the surface, are found. In Fig. 43c they appear to be in
a surface film that was partially removed during sample preparation, revealing
thin (chain extended) bands underneath that are essentially perpendicular to
the surface. In Fig. 43b the bands appear to radiate from a center, resembling
a spherulitic structure; a similar structure was observed on the fracture sur-
face of an extended-chain polyethylene sample (Fig. 3 [5]). As in the case of the
fracture surface in Fig. 41a, the apparent chain-extended lamellae forming the
bands merge in various regions to form thicker, more or less coherent bands.
Unexpected, and unexplained, however, is why these free surfaces appear as
they do, appearing the same as fracture surfaces. Since these are single-stage
replicas, the shadowing Pt/C and backing C being removed from the original
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free surface, tearing of a surface film (Fig. 43c) and removal of a surface layer
in Fig. 43b and d prior to shadowing should not have occurred.

Quenching of the sintered bulk samples after 30 min at 350 ◦C, as expected,
yields fracture surfaces (Fig. 44a) resembling those for slow cooling for 15 min
(Fig. 41b). The original bands, here, are presumably horizontal in the print, the
end surfaces merging but retaining planes of easy fracture (arrow). Figure 44b
is one of the few examples we found in which the fracture was apparently par-
allel to the end surfaces of the bands, the inset being from a region in which
the fracture surface stepped down across several bands.

As in the case of the thin films, the observed morphology is primarily de-
termined by the time at the sintering temperature, increased time (or higher
temperature for the same time) leading to more complete rearrangement of the
structure and formation of larger, more perfect, chain-extended (A18749) or
extended-chain (TE-5069) lamellae (bands). Slow cooling results in a longer
time at temperatures above the melting point than quenching and thus more
perfect structures for the “same” sintering time. As for the thin films, we thus
suggest the morphological structures observed are developed, in a “liquid-
crystalline state” during the annealing or sintering. The increase in the thick-
ness of the chain-extended crystals (bands) as a function of melt time is remi-
niscent of the crystallization of linear polyethylene from the “disordered hex-
agonal state” when crystallized under pressure; crystallization occurs by chain
folding followed by chain extension while in the melt [30]. We suggest a similar

Fig. 44 Fracture surfaces of air-quenched 350 ◦C/30 min TE-5069. The inset in b is from
an area in which the fracture appears to have stepped up several bands
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mode of structure development here, although likely from a nematic melt, i.e.,
without lateral order in the packing of the chain segments. As in the case of the
dispersed particles on a substrate, time is required for the molecules to disen-
gage from the particles and interact, forming first thin, folded-chain lamellae
and these then undergoing chain extension. In thin films, and on surfaces of
bulk samples, we propose the folded-chain structure, once formed, is retained.
We have proposed similar chain folding in the nematic melt for a random
ter-polyester liquid-crystal polymer that crystallizes, as indicated before, from
thin nematic films and on surfaces of nematic melts as chain-folded lamellae,
but with extended-chain crystals developing in the bulk with increasing time in
the nematic state [26, 27]. We note there is no evidence for hexagonal packing
at our sintering temperatures, phase I of PTFE, seen from approximately 35 ◦C
to a melting temperature of 350 ◦C, resembling the disordered hexagonal phase
of linear polyethylene in that the chains retain hexagonal lateral packing but
undergo significant libration about their axes, helix reversals and a variability
of helix pitch, approaching a planar zigzag [24, 31–33].

3.5
Crystallization of and on Fibrillar PTFE

3.5.1
Fibril Formation

The ability to draw approximately 100-Ådiameter fibrils from PTFE dispersion
particles, either by fracture after cold compaction [34] or by uniaxial or biax-
ial expansion of sheets or tubes after paste extrusion (extrusion of mixtures of
the dispersion particles and lubricants such as mineral spirits) and lubricant
removal [35], was demonstrated a number of years ago. The former process re-
sults in the development of a myriad of fibrils spanning the gap between the
fracture faces; these were utilized for ED characterization of the PTFE confor-
mation and crystal packing.

As shown in Fig. 45, for the nanoemulsion A18749, sufficient cohesion can
be developed by simply drying a thick film of PTFE particles that fibrils will
form spanning a crack developing during drying. This is despite the fact we
assume these particles are each single molecules and therefore an individual
fibril must involve cooperative unfolding and drawing out of molecules from
several particles.

The latter process results in a network of fibrils spanning the gaps between
nodes of undrawn material and is used for the production of a number of
commercial products. Fibrils of presumably similar structure (Fig. 46) can be
produced by large-scale shearing of dispersion particles dispersed on a sub-
strate, e.g., by drying down a dilute dispersion on a glass slide and shearing it
by drawing another slide across the particles. Dürrschmidt and Hoffmann [15]
in their paper discussing the effect of sintering a layer of close-packed disper-
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Fig. 45 Coagulated film of A18749 that cracked on drying

sion particles show an SEM figure (Fig. 8b in [15]) in which nanofibrils span
a crack in a film that had been sintered at 420 ◦C for 5 h. The sintered film con-
sists of bands or on-edge lamellae similar to those shown in Fig. 12. Although
they do not discuss the figure, we suggest the fibrils formed by differential
shrinkage of the film and substrate during cooling, indicating the ease of fibril
formation from sintered material as well as nascent particles.

Figure 46a–c is of a) C-coated, b) Cr-coated and c) Pt/C-shadowed samples
of resin G. Similar fibrils are shown for TE-30, A18749 and TE-5070 in other mi-
crographs later. For the standard-size resins the fibrils are of indefinite (TEM)
length with neither the starting nor the ending point having been clearly iden-
tified. Both the carbon and Pt/C aggregate as isolated particles, with the Pt
presumably being nanocrystals, on the suspended fibrils (as well as the par-
ticles) but not on fibrils lying on the substrate. These materials must be mobile
on the fibrils, but whether this mobility occurs during the shadowing or dur-
ing beam irradiation is not yet clear. In Fig. 46c the shadows of the fibrils are
barely visible, in part owing to the shadowing direction. In Figs. 46a and 50b
(below) the suspended fibrils appear to have uniform-width shadows, imply-
ing aggregation during beam irradiation. When the fibrils are metal-coated,
the fibril itself appears to be visible, unexpectedly, as a more highly scatter-
ing structure in the core of the coating, with a diameter of less than 150 Å;
when C-coated only, despite the greater similarity in electron density, the fib-
ril core is not visible. The latter may be due to the thinness of the C coating.
It is noted that the fibrils have sufficient strength to tear a surface film (in-
set) and lift the particles off the substrate, probably during beam irradiation,
with nanofibrils being pulled up from the substrate (arrows in lower-left in-
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Fig. 46 Sheared resin G particles (a) C-coated only, (b) Cr-coated and (c) Pt/C-shadowed

set). The samples in Fig. 46a and c were annealed at 300 ◦C for 15 min and
at 275 ◦C for 5 min, respectively; neither annealing condition affects the par-
ticles, but may result in a film of the emulsifying agent or low molecular weight
PTFE being formed, the latter giving rise to the fibrils during lifting of the par-
ticles (Fig. 46a). The mechanism of development of the nanofibrils by shear is
still unknown. They have no relationship to the finite-length rods, suggested
to form the particles, that it was suggested can be seen in the compression-
sheared sample in Fig. 16b; they are much smaller in diameter. While we have
not attempted to observe fibrils in nonannealed, sheared A18749 and TE-5070
samples, as shown in Figs. 51b and 52b evidence for similar, long initial fib-
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rils was seen in annealed, sheared samples as well as the nonsintered sample
in Fig. 45.

3.5.2
Effect of Sintering

The broadest range of annealing conditions was used for sheared resin G. Even
though only part of the particles appear to have been affected by the shear-
ing, annealing for only 5 min at 350 ◦C results in substantial rearrangement
of the morphology. Slow cooling (Fig. 47a, b) results in shish-kebab formation
on any fibril in contact with the substrate, with the kebabs consisting, in gen-
eral, of single double striations. In addition there are isolated double-striation
particles of varying length and, in Fig. 47a, a granular background; if the back-
ground particles are PTFE their volume (approximately 106 Å3) corresponds
to a molecular weight of less than 1.5×106. On the other hand, the substrate
in Fig. 47b, sintered under the same conditions, is clean. The suspended fibrils
remain unaffected. In Fig. 47b, however, some of the shish have apparently re-
tracted (arrows). Quenching the sample in water after 5-min annealing results
in only incipient double-striation kebab formation and numerous irregular
particles; (Fig. 47c); we suggest the latter are “wandering molecules” that were
trapped on the surface individually or as “few molecule” aggregates during the
quench.

Annealing the sheared samples for longer times at 350 ◦C can result in
considerably wider kebabs, each again appearing, however, to have a single
double striation on its upper surface (Fig. 48a). The kebabs resemble the bands
in well-dispersed, annealed, undrawn samples in appearing to be wider on
the substrate than on the top. This sample still has a granular background
although other samples annealed similarly and for shorter times (Fig. 47b)
had “clean” backgrounds other than relatively separated double-striation par-
ticles. In the inset the shish can still be seen between the separated kebabs.
Air-quenching of the 30-min, 350 ◦C sample (Fig. 48b) resulted in narrower,
more closely spaced kebabs and a background with small particles that were
more isolated, but whether the difference is due to the cooling rate or varia-
tions in the initial particle concentration is not known. The BFDC in the inset
is discussed later. Further evidence for the presence of a PTFE film on the
substrate before cooling (Fig. 32) was observed in a water-quenched, 350 ◦C,
30-min-annealed sample (Fig. 48c). The double striations at both ends of the
lower-right arrow appear to have grown on the film, oriented normal to the ap-
parently underlying shish at the tip and randomly at the tail of the arrow. The
kebabs are not much wider than in the water-quenched 5-min annealed sample
in Fig. 47b. Annealing for 10 min at 375 ◦C results in fingerlike double-striation
outgrowths from undistorted nascent particles, and closely spaced kebabs, but
still leaves the suspended fibrils unaffected (Fig. 49).
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Fig. 47 Sheared resin G particles sintered at 350 ◦C for 5 min and (a) and (b) slow-cooled
or (c) quenched in water

Similar shish-kebabs were also grown by sintering sheared TE-30
(Fig. 50). Again the spacing and width of the kebabs has no relationship with
the time of annealing; rather we suggest it is related to the amount of nearby
material from which it “draws” molecules during growth. In Fig. 50a the ke-
bab spacing in the insets is about 1500 Å, consisting of single double striations
that are only slightly wider at their base than at the top. In Fig. 50b, for a simi-
larly treated sample of TE-30, a number of the original particles remain, with
both suspended fibrils with widely separated Pt beads (black arrows), short
shish on the shish-kebabs where the fibril was in contact with the substrate and
double-striation outgrowths from and on the particles (white arrows).

After 10 min of sintering (Fig. 50c) many of the kebabs contain several dou-
ble striations and are more randomly oriented relative to the shish core (which,
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Fig. 48 Sheared resin G particles sintered at 350 ◦C for 30 min and (a) slow-cooled, (b) air-
quenched and (c) water-quenched

in general, has retracted), with similar bands also grown from the dispersed
particles. Air-cooling after 20 min of sintering at 350 ◦C results in similar ke-
bab bands and randomly oriented bands, as well as isolated multiple molecule,
double-striation particles (Fig. 50d).

The insets in Fig. 50c are excellent examples of BFDC from the kebabs
(bands); the diffracting regions appear to consist of lines about the width of
a single striation with crystal registry extending diagonally from striation to
striation in places. This would appear to contradict our suggestion that the
double striations correspond to a single folded-chain lamella, the striations
being the Pt nucleated on the folds; possibly the diffraction contrast image is
shifted relative to the shadowing image. This type of image is discussed fur-
ther later, relative to similar observations for sheared, annealed A18749 and
TE-5070.
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Fig. 49 Sheared resin G particles sintered at 375 ◦C for 10 min

In limited observations, fibrils were not observed in sheared A18749 sam-
ples; that they could form is shown in Fig. 45, where they span a crack in
a coalesced film of nascent particles. Sintering of sheared films at 350 ◦C for
30 min followed by slow cooling, produced rows of bands similar to those
of TE-30 in Fig. 50c (Fig. 51a); as in that figure BFDC consists of lines ap-
proximately the width of a single striation which again lie at an angle to the
striations. The contrast extending across more than one double striation sug-
gests lattice registry of neighboring on-edge ribbons or lamellae, if that is what
comprises the bands. On the basis of the high strength of the contrast, we
assume it is due to 100 planes being in diffracting orientation. Although the
narrowness of the diagonal lines could be due to rotation of the lattice about the
molecular axis, we have no explanation as to how the lattice orientation propa-
gates across the presumed fold surface to give rise to the diagonal lines. Rather,
we tentatively suggest the contrast is due to an underlying lamella lying parallel
to the surface; i.e., the broad base shown in Figs 22, 26a, 28a, 30b and 31b and c.
An individual, flat-on lamella is present in the lower right with several sharp
diffraction contrast lines; see also Fig. 52c later.

No shish are present in Fig. 51a. Indeed there is some question as to whether
the oriented rows of bands are shish-kebabs; many of the kebab bands lie at
an oblique angle to the apparent shear direction. Possibly they were nucleated
along lines of smeared particles. On the other hand, Fig. 51b shows unmis-
takable shish kebabs (350 ◦C, 30 min, followed by air-quenching). In the shish
on the left all of the kebabs would be nucleated at the sides of the apparent
fiber, a split being present between the kebabs growing in opposite directions.
On the right shish, however, a number of the kebabs extend across the cen-
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Fig. 50 Sheared TE-30 dispersion particles sintered at (a) and (b) 350 ◦C for 5 min,
(c) 350 ◦C for 10 min, all slow-cooled, and (d) 350 ◦C for 20 min and quenched in air

ter line, possibly due to nucleation on the top of the underlying fibril, with the
nucleated lamella then growing in both directions. Interestingly, and without
explanation at present, the on-edge double-striation ribbons all curl, appar-
ently randomly relative to direction. The kebabs consist of both short and long
ribbons, with additional curled ribbons forming the matrix; some of the rib-
bons make complete circles. Similar curling was also observed for nonsheared
samples (Fig. 51c). The curved bands appear to develop from lamellae lying at
an angle to the surface; in the inset there is a suggestion they are double-edged,
as in Fig. 32c. On the basis of discussions at PP’ 2004 (Dali) relative to this figure
and those in Ref. [36], it is suggested that they are related to the twisted lamellae
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Fig. 51 Sheared A18749 sintered at (a) 350 ◦C for 30 min and slow-cooled and (b) 350 ◦C
for 30 min and air-quenched. A nonsheared sample is shown in c, also sintered at 350 ◦C
for 30 min and slow-cooled

in banded spherulites (see Fig. IV-64 in [4]), curling instead of twisting when
the film is thin; possibly thin enough that twisting would require twisting out
of the thickness of the film.

Annealing of sheared TE-5070 also gives rise to apparent “shishless” shish
kebabs (Fig. 52a), here sheared and annealed at 320 ◦C for 5 min. The low mo-
lecular weight of TE-5070 results in both a lower melting temperature and,
apparently, retraction of the fibrillar material during the sintering. As shown
in the inset, the kebabs consist of a short, single double striation superimposed
on a nearly circular or elliptical mound, as do all of the individual particles
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Fig. 52 Sheared TE-5070 particles sintered at (a) 320 ◦C for 5 min, and slow-cooled
(b) 350 ◦C for 30 min, and water-quenched and (c) lamellae in bright-field diffraction con-
trast from a 350 ◦C/30 min, air-quenched sample. The inset ED pattern in c is from the
overexposed selected area.

as well. That fibrils can form, despite the low molecular weight, is shown in
Fig. 52b, of a TE-5070 sample sheared and sintered at 350 ◦C for 5 min and
water-quenched. Suspended fibrils remain after the sintering. In addition, as
shown in the inset, nanofibrils were drawn out across the gap between the par-
ticles, apparently as the sample cooled. The individual particles, consisting of
short double striations, have a volume of approximately 5×106 Å3, corres-
ponding to a molecular mass of approximately 6×106 Da, much larger than
the molecular mass of the TE-5070. In other regions of similar samples, large
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flat-on lamellae formed, with numerous sharp lines of diffraction contrast
(Fig. 52c). Again, we have no explanation for the sharpness of these lines since
one would expect reasonably large regions in the (presumed) single-crystal
lamellae to be in a diffracting position even if the lines are due to bend contrast.

4
Conclusions

1. Nascent particle morphology
(a) The morphology of the standard-size resins and the mechanism of their

formation are still unclear. There is reasonable evidence that the ini-
tial stages of their polymerization involves the formation of extended-
chain fibrils or rods (Figs. 11, 16b) or ribbons (Fig. 12) that fold back
on themselves to form elliptical or short rodlike particles (Fig. 14) as
the emulsifying agent is used up by the increasing surface area. The
diffraction contrast images from the final particles indicate the width
of the coherent diffraction regions is equal to the radius of the particle,
even at the ends of the particles, and sometimes the particle diam-
eter (Figs. 13, 14). Thus, the particle diameter would involve, at most,
two initial rods or the lattices from neighboring folded rods or fibrils
would have to become in-register. This also requires that the lattice re-
main (or redevelop) coherent as the rod is bent back on itself at the end
of the particle. In dispersions containing rod and ellipsoidal particles,
the rod diameter is often approximately half of the particle diameter
(Fig. 14a–c). The blunting of the ends of some of the rods suggests
a folding from one end. Both of the second possibilities for the diffrac-
tion contrast images require only rotational molecular motion at room
temperature, the type of motion proposed for the 19 and 35 ◦C tran-
sitions [24], since the molecular axes would already be aligned in the
appropriate direction.

(b) The morphology and size of the A18749 nanoemulsion (Fig. 17) is con-
sistent with an individual particle consisting of a single molecule, with
the molecular axis parallel to the rod axis and folded at the ends. Even
if the molecular weight measurements are in error to some extent,
the particles must consist of only a few, folded molecules. We know
of no polymerization mechanism that would lead to a folded chain.
The PTFE molecules presumably come out of solution as short-chain
oligomers; rod crystals could form by their aggregation and axial align-
ment, but they would then be expected to grow as extended-chain
filaments or rods depending on the number of oligomers that aggre-
gate laterally. Diffraction contrast suggests the rods are single crystals
(Figs. 13b, 17).
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(c) Although the difference in the molecular-weight-predicted extended-
chain length and particle thickness for the TE-5070 particles is less
than for the A18749 ones, the number-average extended-chain length
is approximately twice the particle thickness, again indicating chain
folding (for A18749 the comparison was made for the weight average).
Diffraction contrast and the hexagonal shape suggest the particles are
single crystals (Fig. 18). If they were folded or extended-chain struc-
tures, of interest would be the distribution of the molecular weight and
the location of the chain ends.

2. X-ray diffraction vs. temperature
A comparison of X-ray scans before and after sintering at 350 ◦C indicates
a larger lateral crystal size, looser molecular packing and a reduced crys-
tallinity for both the standard-size resin and the nanoemulsions Fig. 21.
Both the transition (19 and 35 ◦C) temperatures and the disappearance of
lateral ordering (100) for the low molecular weight TE-5069 PTFE occur
at a lower temperature than for the nascent nanoemulsion A18749 and the
standard-size resin G. “Melting and recrystallizing” resulted in an increase
in the transition temperatures.

3. Sintering of dispersed particles
(a) The morphology of dispersed standard-size dispersion particles, after

cooling, is a function of the time and temperature at the sintering tem-
perature, a temperature sufficiently high that lateral order is lost as
demonstrated by the X-ray diffraction scans. Short-time sintering at
350 ◦C results in, possibly, flow of the emulsifying agent to the substrate
(Figs. 22a, 24a), followed by its apparent evaporation, as well as par-
ticle merger (Figs. 22a, d, 23a, b, 29a, b). The merged particles often
appear faceted, possibly hexagonal (Figs. 22c, 23b) After extended times
at 350 ◦C (Fig. 22d, e), or shorter times at 380 ◦C (Fig. 24a and inset)
a rearrangement of the morphology occurs with folded-chain lamellar
crystals developing (Fig. 22e) parallel to the substrate and, apparently,
as double-striation on-edge ribbons (Figs. 22d, e, 24b, c). ED indicates
the molecular axes are normal to the double striations (Fig. 26d) and
thus are chain-folded. Bands also develop, with several double striations
on their surface, often with one of the double striations extending out
from the end of the band over the substrate (Figs. 22e, 24b, c). Not yet
resolved is whether the double striations on the bands are inherent to
their structure (i.e., they consist of several on-edge lamellae) or they de-
velop owing to folded-chain, epitaxial crystallization of PTFE molecules
on underlying chain-extended crystals as is proposed for the structure
of bands in bulk samples (see later). For short times of sintering dou-
ble striations develop on the surface of the merged particles parallel to
their longer axis, (Figs. 22b, 22c, inset, 23a); although again possibly
owing to epitaxial crystallization of “exuding” PTFE molecules, if the
attributions of the double striations to folded-chain, on edge ribbons
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and the interpretation of the faceting are correct one might expect the
orientation of the double striations would be parallel to the short axis.
In addition, at intermediate sintering times, individual molecules ap-
pear to disengage from the particles and “wander” on the substrate,
forming single-molecule or few-molecule folded-chain, double stria-
tion, on-edge lamellar single crystals (Figs. 22e, 24a, 25a, 26a, b, 27a,
28b, 47a–c, 48b, 49, 50a–d, 51a).

(b) Sintering of nanoemulsion A18749 at 350 ◦C results in similar morph-
ology changes. The rate is faster, possibly because of the larger surface
area. At 350 ◦C lamellar folded-chain crystals parallel to the substrate
(Fig. 26a, c, d), merged particles with superimposed double striations
(Fig. 26b), bands with both superimposed and outgrowing double stri-
ations (Fig. 26d) and isolated single-molecule or few-molecule single
crystals (26a–c) were seen. In some samples (Fig. 26a) a single double
striation was found on an apparent lamellar folded-chain single crystal,
suggesting epitaxial crystallization on the fold surface. NaCl (Fig. 27c)
and possibly mica, can cause epitaxial crystallization of PTFE, the
molecules lying on the substrate surface. Quenching of 350 ◦C/30 min
sintered A18749 into water resulted in folded-chain lamellae, with irreg-
ular outlines, lying parallel to the substrate (Fig. 33).

(c) Sintering of TE-5070 at 350 ◦C also results in particle merger (Fig. 29a, b),
with superposition of double striations (Fig. 29b) followed by large
folded-chain, lamellar single crystal and spherulite growth (Fig. 29c, d).
Structures possibly related to bands, consisting apparently of on-edge,
in this case single–striation ribbons were found for extended sintering
times (Fig. 30). The lamellae parallel to the substrate in these samples
had a double edge, a feature also seen in several other samples of both
TE-5070 and other resins (Figs. 31a, d, 42c). At 380 ◦C lamellar crystal-
lization was much rapider (Fig. 31). Double striations were observed for
these samples, but much more closely spaced than in the higher molecu-
lar weight samples; in Fig. 30 they may have been too closely spaced to
resolve. Five minutes of sintering at 350 ◦C followed by quenching into
water resulted in merger of most of the particles into “mounds” with flat
tops and slopping sides. Small double-striation particles were also seen,
interpreted as clusters of molecules trapped on the substrate during
the quench; they are smaller than the original particles (Fig. 32a). After
10 min of sintering, the mounds have become thinner, flat tops remain,
and a substantial portion of the material is in the form of folded-chain,
irregular-outline, lamellar crystals (Fig. 32b). After 20 min of sintering
the mounds had completely converted to lamellar crystals, with small
particles still present in the “open” areas (Fig. 32c); in thicker regions
the lamellar spherulites were formed. (Fig. 32d).
The double-striations in TE-5070 samples (Figs. 30, 31a) and A18749
(Fig. 28a) appear to grow up from (or on) parallel narrow lamellae.
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(d) A sintering time and temperature dependence of the morphology was
observed for the three types of samples, dispersions with standard-size
particles and both high and low molecular weight nanoemulsions. It
is suggested that the folded-chain morphology develops with time in
the “melt”, the melt at longer times (and/or higher temperatures) con-
sisting of aligned molecular segments. A similar suggestion has been
made for a ter-polymer liquid-crystalline polymer; when crystallized
in thin films or on surfaces of bulk samples chain-folded lamellae form
and remain, whereas in the interior extended-chain or chain-extended
crystals formed [26], with the chain-folding being attributed to sur-
face effects and/or the thinness of the films from which they were
crystallized [29]. Once formed, the well-formed lamellar structure was
retained if a sintered TE-5070 sample was reheated to 350 ◦C and water-
quenched (Fig. 34a, b), whereas A18749 underwent an as yet uninter-
preted change in morphology (Fig. 34c).

(e) The results require that substantial molecular motion, either as indi-
vidual molecules or as small clusters, occurs on the substrate during
sintering. It is not believed that the structures observed were the result
of depolymerization and subsequent repolymerization, as described by
Butenuth [11] and Melilio and Wunderlich [6]; no material was found
on cover slips covering the samples during sintering. In several of the
micrographs, particularly of the whiskers (Fig. 35a, b), there was ev-
idence that the PTFE molecules could “climb” some distance off the
substrate to form lamellar crystals on top of each other. Of particular in-
terest are the single-molecule or few-molecule single crystals observed
for many of the sintering conditions and samples, in particular for
the samples with high molecular weights. Under suitable sample prep-
aration conditions, molecular weight measurements by TEM or AFM
might be possible.
The double-striation morphology has tentatively been attributed to Pt
nucleation on the fold edges of on-edge lamellae, similar to Au nucle-
ation on the fold edges or interlamellar regions of, e.g., on-edge lamellae
in drawn, annealed films of polyoxymethylene [37] and epitaxially crys-
tallized samples of various other polymers [38]. AFM is currently being
used to characterize further this feature.

4. Sintering of coagulated nanoemulsion particles
(a) Sintering of bulk A18749 at 350 ◦C, followed by slow cooling resulted in

a morphology similar to that previously described (Figs. 1, 2 as com-
pared with 26a–c). Although the sintering times for Figs. 1 and 2 were
not given, other samples with similar resulting structures were sin-
tered for 2 h before slow cooling. Thus, considerably shorter sintering
times were apparently needed to obtain the chain-extended bands in
A18749, 5 min plus slow cooling for Fig. 36a. When sintered samples
were quenched, the development of the band structure in the melt could
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be followed, the particles initially merging (Fig. 38a), with thin bands
then forming which gradually thicken with sintering time (Fig. 38b, c).
Thus, again the results need to be interpreted in terms of the structures
developing in the melt. Free surfaces of sintered bulk A18749 appeared
to consist of thin bands in both slow-cooled and quenched samples;
lamellae were not seen. (Figs. 37, inset, 38b, inset)

(b) Short-time sintering of bulk TE-5069 (coagulated TE-5070), at tem-
peratures as low as 330 ◦C, also resulted in particle merger (Fig. 29),
with thin, apparently folded-chain lamellae then developing at 350 ◦C
followed by chain extension. The latter results are similar to the sug-
gested mechanism of formation of extended-chain crystals in polyethy-
lene crystallized under pressure [30], chain folding occurring in a “dis-
ordered hexagonal phase” in which there is sufficient chain mobil-
ity that chain extension then occurs, the extended-chain (or chain-
extended) crystals growing in the melt phase. In TE-5069 this is fol-
lowed by an apparent merging across the end surfaces of the extended-
chain crystals (Figs. 41, 42a, b). Unexpectedly, and to date unexplained,
free surfaces of the sintered TE-5069 had similar chain-extended and
merged chain-extended bands (Fig. 43b, d). Thin lamellae were also
observed (Fig. 43a, c). Quenching of the samples from the sintering tem-
perature resulted in structures similar to those obtained by sintering for
shorter times, followed by slow cooling (Fig. 44).

(c) The results for both A18749 and TE-5069 are again interpreted in terms
of the observed structures developing while the samples are in the melt.
Despite the large chain length of the A18749 (weight-average chain
length is approximately 0.13 mm), it is suggested the single-crystal par-
ticles first merge, a feature apparently eased by the initial chain align-
ment, with the molecules then unfolding from the particles, possibly
forming folded-chain lamellae (A18749) and then undergoing chain ex-
tension. The mechanism of the end merging of the bands in TE-5069
is not known; possibly chain extension of a chemical nature is occur-
ring by “end-linking”. Molecular weight measurements after sintering
would be useful.

5. Sintering of shear-deformed dispersion particles
(a) Shearing of both standard-size dispersion particles and both types

of nanoemulsion particles yields nanofibrils of approximately 100-Å
diameter and indefinite length (Figs. 45, 46, 52b). To date we have not
been able to identify, with certainty, the ends of the fibrils or the mech-
anism by which they are formed. Of particular interest is the ability of
TE-5070 to form the fibrils despite its low molecular weight.

(b) Sintering of suspended nanofibrils, for temperatures up to 375 ◦C
(Fig. 49)andtimesas long as2 h(not shown)producedno visiblechange.
On the other hand, nanofibrils lying on the substrate served as nuclei
for molecules “wandering” on the substrate, resulting in formation of
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shish kebabs (Figs. 47–52). The kebabs appear to be identical to the
double-striation on-edge ribbons growing out from the bands and the
single-molecule and few-molecule crystals; the molecular axes are nor-
mal to the kebabs (parallel to the fibril axis), with the molecules folded.
Extended sintering time with the presence of sufficient material resulted
in the kebabs becoming (or growing as) bands (Figs. 48a, 50c, 51a).
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Abstract In semi-crystalline polymers a range of morphologies can be obtained in which
a chain may traverse the amorphous region between the crystals or fold back into the
crystals leading to adjacent or nonadjacent reentry, depending on the molecular archi-
tecture and crystallization conditions. This causes topological variations on the crystal
surface and the occurrence of an interphase between the crystalline and amorphous do-
mains, thus affecting the mechanical properties. In this chapter, we will discuss how
the morphology within the interphase plays a prominent role in drawability, lamellar
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thickening and melting of thus crystallized samples. Normally, for linear polymers it is
anticipated that extended chain crystals are thermodynamically most favorable, and ul-
timately, taking the example of linear polyethylene, it has been shown that such chains
would form extended chain crystals. However, this condition will not be realized in
a range of polymers upon crystallization from the melt, such as those which do not show
lamellar thickening or in branched polymers where the side branches cannot be incorpo-
rated within the crystal and hence fully extended chains are not possible. From a series of
experiments, it is shown that with sufficient time and chain mobility, although extended
chain crystals are not achievable, the chains still disentangle and a thermodynamically
stable morphology is formed with a disentangled crystallizable interphase.

Abbreviations
2D two dimensional
DSC differential scanning calorimetry
ESLD ethylene sequence length distribution
CRF crystalline rigid fraction
F2 once-folded
FWHM full width at half maximum
IR infrared
LAM Raman longitudinal acoustic modes
LLDPE linear low-density polyethylene
MAF mobile amorphous fraction
Mw molecular weight
NIF non-integer fold
nm nanometer
NMR nuclear magnetic resonance
PET poly(ethylene terephthalate)
PEN poly(ethylene naphthalate)
PBT poly(butylene terephthalate)
Q0 equilibrium triple point
RAF rigid amorphous fraction
SAXS small-angle X-ray scattering
Tc crystallization temperature
Tg glass transition temperature
Tm melting temperature
UHMW-PE ultrahigh molecular weight polyethylene
WAXD wide-angle X-ray diffraction

1
Introduction

The semi-crystalline structures often formed by crystallizable polymers are
known to consist of thin crystalline lamellae separated by amorphous re-
gions [1–3]. For crystallization from the melt, where the conditions are far
from equilibrium, the polymer chains must achieve a regular conformation
from the highly entangled melt and align parallel to each other to form thin
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plate-like lamellae, the entanglements being confined to the amorphous re-
gions. It is still unclear whether the polymer chains actually do disentangle or
merely that during crystallization, entanglements are pushed to the surface.
However, independent of the mechanism involved, the molecular structure
of the amorphous region strongly depends not just on the chemical nature
and inherent shape of the polymer, but also on the crystallization conditions
either in the quiescent state or obtained during flow. Experimental efforts
to decouple the mechanical properties of polymers from the crystalline and
amorphous fractions have not been particularly successful because of this
dependence of the molecular organization in the amorphous region upon
the crystallization conditions. Moreover, a third structural component, an
interphase of intermediate order, could exist between the amorphous and
crystalline phases, as has been proposed both theoretically and experimen-
tally, which means that a sharp demarcation line between the amorphous and
crystalline phases is unlikely. This added complication is necessary if one con-
siders that the chains emerge at the crystalline surfaces with a high degree of
molecular alignment. These chains must either fold back into the crystallite,
by adjacent reentry, or must reside in the amorphous matrix. In the case of
crystallization from the melt, where the crystallization conditions are often
very far from equilibrium, extensive and perfect folding will strongly depend
on molecular weight and molecular architecture – and in most cases will be
highly improbable. Assuming the crystallites are of an infinite extent in the
basal plane, then at small distances away from each crystallite surface most of
the chains present will have originated from the crystallite. The average chain
orientation here will not be random as in the bulk amorphous matrix but will
be distributed around the normal to the crystallite surface: this is the pro-
posed semi-ordered interfacial component, the degree of ordering strongly
depending upon the crystallization conditions. In several cases this may also
give rise to a crystallographic register and further influence the physical and
mechanical properties of the polymer.

A comprehensive review of the subject, supporting the existence of this
third component in the structure of unoriented, semi-crystalline polymers,
has been compiled by Mandelkern [4], and has been further supported by
WAXD studies by Windle [5]. However, this still remains a topic of contro-
versy. Terms used to describe the suggested third structural component have
included ‘semi-ordered’, ‘intermediate’, ‘rigid amorphous’, ‘interfacial’, ‘in-
terzonal’, ‘interphase’ and ‘transitional zone’, and give quite a clear picture of
what is envisaged (for this review, we will use the term ‘interphase’). Figure 1,
reproduced from the work of Rutledge and coworkers [6], illustrates the mo-
lecular picture of the interphase, in which three types of chain populations
exist: bridges that join two crystal lamellae, loops that have their entry and exit
points on the same crystal lamellae, and tails that terminate in the amorphous
phase.
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At this stage it is essential to recapitulate the existing knowledge on chain
tilting and its influence on the interphase. It is well established that polyethy-
lene shows a crystalline lamellar structure and that there is chain folding
in the interphase region, one of the important observed features being that
the polymer chain stems are not generally orthogonal to the basal plane of
the lamellae. Such basal planes are identified by a chain tilt angle, defined
as the angle between the lamellar normal and the c-axis of polymer chain
stems. The in situ process of chain tilting during heating has been shown
previously and it is known that the initial chain tilt angle is strongly de-
pendent on crystallization conditions. For example, Bassett and Hodge [7]
studied polyethylene spherulites using electron microscopy and found a regu-
lar texture showing well-defined lamellae having crystal stems inclined at an
angle ranging from 19◦ to 41◦ to the lamellar normal, with 34◦ (correspond-
ing to the {201} facet) being the most common. Khoury [8] observed the
presence of a predominant chain tilt angle of approximately 34◦ in polyethy-
lene spherulites grown from the melt at high undercoolings. Under special
conditions chain tilt angles higher than 45◦ could also be observed.

Chain tilting is known to exert a strong influence on the structure and
hence the properties of the interphase. Frank suggested that mutual exclusion
imposes steric constraints on the structure of the interphase between crys-
talline and amorphous regions that is only relieved by the presence of chain
ends, folding back into the crystal and chain tilt [9]. Yoon and Flory [10]
and Kumar and Yoon [11] also considered that the flux of chains into the
amorphous region would be reduced by the tilting of the chains and the ef-
fect of this on chain folding. Mandelkern [12] also suggested that chain tilt
angle is an important factor in any detailed description of the mechanism
of crystallization and that it also influences the interfacial free energy asso-
ciated with the basal plane. Bassett et al. [13] and Keith and Padden [14]
discussed the role of tilted growth of polymer crystals in allowing better pack-

Fig. 1 Schematic diagram of the interphase between crystalline domains, showing the ex-
amples of loops (dashed), bridges (dotted), and tails (solid), reproduced from Gautam et
al. [6]
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ing and enhanced space for the accommodation of disordered conformations
and relatively bulky loops within interfacial layers. Recently, Toda et al. [15]
have conclusively shown that the direction of chain tilting in polyethylene
single crystals is different for each growth sector, which results in a selected
handedness to the spiral terraces during crystal growth.

Using off-lattice Monte Carlo simulations, Rutledge and coworkers [6, 16]
have reported a recent, detailed study on the tilted-chain interphase. Their
simulations reveal the thermodynamic properties for a metastable interphase
with different degrees of chain tilt. The interphase was considered to con-
tain three types of chain populations, as shown in Fig. 1. Although the density
decreases as one moves from the crystalline to the amorphous phase, an in-
crease or peak in the density is observed around 0.6 nm away from the crystal
surface. In the same manner, the order parameter, which starts at unity in
the crystal, drops smoothly to zero as one moves into the amorphous ex-
cept for a marked drop at a distance of ∼ 0.6 nm from the crystal face. The
results from density and orientational order were further supported by the
occurrence of a transverse structure parallel to the crystal surface. This is ex-
plained by a higher number of loops in the interphase, while tails and bridges
contribute more to the amorphous region, with a well-defined fold surface
near 0.6 nm, at which a large number of chains fold back into the crystal. The
transverse structure observed indicates a number of chains running parallel
to the crystal surface. Since a large areal density (or flux) of chains leave the
crystal surface, the interphase generates a fold surface in order to reduce the
flux to a level sufficient to accommodate disordering. Crystallographic planes
could be assigned to the fold surface.

The findings described above form a basis for our current work that ex-
amines the influence of the interphase on the structure and ultimately on the
properties of linear polymers. In this chapter we will first show that, depend-
ing on the crystallization conditions, the amount of loops or entanglements
in the interphase, and thus the deformation behavior of polymers, can be
varied. We will initially consider the example of ultrahigh molecular weight
polyethylene (UHMW-PE) and the role of entanglements upon its drawability.

2
Control of entanglement density upon crystallization

As we have outlined above, it is important to consider the role of entan-
glements within the interphase. Entanglements as such are ill-defined topo-
logical constraints, which are usually visualized in textbooks as four strands
leading away from a mutual contact, see Fig. 2.

Entanglements can be removed effectively by dissolution in a good sol-
vent and by slow (isothermal) crystallization from the melt or from solution.
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Fig. 2 Simple picture of an entanglement

Slow crystallization promotes disentangling since the process of ‘reeling-in’
of chains from the entangled melt onto the crystal surface is promoted and
this in turn enhances the maximum drawability, despite the fact that this in-
creases the crystallinity. However, there is a critical lower limit for the number
of entanglements between crystals in order to achieve high drawability and
in the extreme limit of very slow isothermal crystallization, linear standard
polyethylenes (not the UHMW-PE grades) can lose their drawability com-
pletely and become brittle materials.

2.1
Crystallization via dilute solution

The way to remove entanglements, viz. the manner in which topological
constraints limit the drawability, is seemingly well understood and crystal-
lization from semi-dilute solution is an effective and simple route to make
disentangled precursors for subsequent drawing into fibers and tapes [17, 18].
A simple 2D model visualizing the entanglement density is shown in Fig. 3.
Here φ is the polymer concentration in solution and φ∗ is the critical overlap
concentration for polymer chains.

Fig. 3 A simple 2D model envisaging how the entanglement density varies upon crystal-
lization at decreasing polymer concentration, φ. φ∗ is the critical overlap concentration
for polymer chains
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Upon crystallization from solution, at φ > φ∗, the molecules usually fold
along a specific plane. The stems of a test chain (filled dots) are shown in
Fig. 4 without indicating the folds. For the sake of simplicity, we assume that
adjacent reentry occurs during crystallization and that the chain is located
within one crystal plane, thus forming a well-organized disentangled crystal
surface. The low-shear moduli of polyethylene crystals means that chain mo-
bility in the direction perpendicular to the chain and along the {110} plane
is rather high. In contrast, upon crystallization from the melt the stems of the
test chains are crystallized with a lower degree of order and a highly entan-
gled interphase is formed. In this case, shearing (slip) is more difficult since
the chains cannot cross each other during deformation.

Independent of the crystallization route taken, the role of entanglements
upon the mechanical properties will be the same, i.e. acting as physical
crosslinks on the time-scale of drawing experiments of semi-crystalline poly-
mers. This can be demonstrated by comparing the deformation of solution-
cast UHMW-PE films to melt crystallized films. From the stress–strain curve
shown in Fig. 5, it is evident that above the α-relaxation temperature and
below the melting temperature, solution-cast films do not show strain hard-
ening and can be drawn to more than 40 times the original length. In contrast,
melt-crystallized films show strain hardening and could be drawn only by
six to seven times. This difference in the strain-hardening behavior can be
attributed directly to the difference in entanglements present as described
above.

The schematic representation of stems within the crystals is, of course, an
oversimplification to explain the drawing behavior of UHMW-PE films. In
practice, superfolding and the crossing of stems belonging to the same chain
will occur. The presented model, however, serves to demonstrate that adjacent
reentry and the locality of molecules within a crystal will cause a structured
interphase to form. This will facilitate the process of ultra-drawing, com-
prising the breaking of lamellar crystals via shearing, tilting and subsequent

Fig. 4 Simplistic representation of a chain fold in a polymer crystal. The dots represent
stems of molecules folding along the {110} plane, viewed along the c-direction. No folds
are drawn for the sake of simplicity
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Fig. 5 Stress–strain curves for solution-cast UHMW-PE films compared to melt-
crystallized films. λ refers to the draw ratio. Films were drawn at a drawing temperature
of Td = 115 ◦C

unfolding of clusters. The subsequent instantaneous loss in drawability upon
melting and recrystallization is due to the rearrangement and intermixing of
stems involving only local chain motions rather than movement of the com-
plete chains as proposed for self-diffusion in polymer melts.

2.2
Exploitation of the hexagonal phase in polyethylene

Another way to disentangle linear polyethylenes, and thus control the inter-
phase without using a solvent, is to anneal the polymer in the hexagonal
phase. Bassett has discussed the role of the hexagonal phase in the crys-
tallization of polyethylene extensively in an earlier chapter in this book.
Briefly, polyethylene exhibits a number of different crystal structures, with
the hexagonal phase being observed in linear polyethylenes at elevated pres-
sure/temperature in isotropic samples or at ambient pressure in oriented
samples. For this reason, we have to distinguish between these two situa-
tions, namely isotropic and oriented polyethylene. However, we will focus
only on isotropic polyethylene and will refer readers to reference [18, 19] for
an overview of oriented polyethylene.

For isotropic polyethylene, the hexagonal phase is usually observed at el-
evated pressure and temperature, in fact, above the triple point Q located
at 3.4 kbar and 220 ◦C according to the pioneering work of Bassett et al. [20]
and Wunderlich et al. [21]. Later, more detailed studies involving in situ
light microscopy and X-ray studies showed that the equilibrium point, Q0, is
located at even higher temperatures and pressures, 250 ◦C and 5.3 kbar, re-
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Fig. 6 Pressure–temperature phase diagram for polyethylene

spectively, see Fig. 6 [22–24]. The hexagonal phase is a so called mobile phase
with a high degree of chain mobility along the c-axis. Annealing in the hex-
agonal phase promotes lamellar thickening with the formation of extended
chain crystals via disentangling of chains and consequently aids drawability.
For UHMW-PE (according to ASTM definitions M > 3.106 D) it is therefore
possible to disentangle the chains even in the solid state by exploiting the
hexagonal phase. The resulting organized molecular structure in the amorph-
ous phase enhances the subsequent drawing operation, as is shown by Ward
et al. [25].

2.3
Via synthesis

An additional elegant route to obtain disentangled UHMW-PE, and thus to
control the interphase, is by direct polymerization in the reactor. In order
to make UHMW-PE, a relatively low polymerization temperature is needed
and a situation is easily encountered where the polymerization temperature
is lower than the crystallization temperature of UHMW-PE in the surround-
ing medium in which the catalyst is suspended. In this situation, the growing
chains on the catalyst surface tend to crystallize during the polymeriza-
tion process. These UHMW-PE reactor powders, often referred to as nascent
or virgin UHMW-PE, can be remarkably ductile. It was shown by Smith
et al. [26] that reactor powders, in the same manner as solution-cast UHMW-
PE, could be drawn easily into high-modulus structures.

Again the proposed entanglement model can be invoked to explain the
ductility of compacted UHMW-PE reactor powders. The growing chains on
the crystal surface can crystallize independently of each other and conse-
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quently disentangled UHMW-PE is obtained as a direct result of polymer-
ization. Depending on the polymerization conditions, the crystal size of the
nascent morphology can also be controlled. As with the melting-point de-
pendence of polyethylene on the crystal thickness (fold length), the triple
point, Q, in the pressure–temperature phase diagram of polyethylene is also
dependent on the crystal dimensions. In particular, for nascent UHMW-PE
reactor powders that consist of crystallites with very small dimensions, it was
shown that a metastable hexagonal phase could be observed at pressures and
temperatures as low as 1 kbar and 200 ◦C, respectively [27, 28] and upon an-
nealing a transformation into the thermodynamically stable orthorhombic
phase occurs. The observation that a thermodynamically stable crystal struc-
ture is reached via a metastable state of matter is not unique for polyethylene,
nor for polymers; indeed it has been invoked as early as in 1897 by Ost-
wald, commonly expressed as Ostwald’s stage rule [29]. For polyethylene, it
has been shown that crystals at elevated pressures initially grow in the hex-
agonal phase and after a certain time, or once a certain crystal size has been
attained, these hexagonal crystals are transformed into thermodynamically
stable orthorhombic crystals.

Figure 7 shows electron micrographs of two different virgin UHMW-PEs.
Electron micrographs clearly show that the lamellae in the laboratory synthe-
sized sample, A, thicken substantially for the same annealing conditions, for
example pressure, temperature and time, compared to a commercially syn-
thesized grade, sample B. There is a marked difference in their drawability;
the laboratory grade can be drawn in the solid state below the melting point,
whereas the commercial one cannot. Details of molecular weight, molar-mass

Fig. 7 Electron micrographs of two different virgin UHMW-PE samples, (a) commercially
synthesized Z-N (grade B) and (b) laboratory-synthesized Z-N (grade A). The samples
were annealed in the hexagonal phase, at 1500 bars, 190 ◦C for 30 minutes. Under these
conditions the samples were in the thermodynamically metastable hexagonal phase. (For
details see references [27, 28])
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Table 1 Molecular weight, molecular weight distribution, polymerization temperature

Mw [g mol–1] Mw/Mn Tsynthesis

Controlled synthesis, Z-N 3.6×104 5.6 50 ◦C
(Grade A)
Commercial, Z-N 4.54×104 10.0 80 ◦C
(Grade B)

distribution, polymerization temperature are given in Table 1. However, the
difference in drawability arises due to the reduction in the number of ent-
anglements on the fold surface of the laboratory grade sample compared to
those present in the commercial grade. This highlights once again the influ-
ence of entanglements and the interphase on these materials and their effect
on the molecular-chain mobility even during lamellar thickening. The influ-
ence of entanglements on lamellar thickening has been probed further by
solid-state NMR.

3
Influence of the interphase on molecular mobility

Recently, with the help of solid-state NMR, Uehara et al. [30] investigated the
role of entanglements present in the interphase on molecular-chain mobil-
ity along the c-axis of the crystal lattice of UHMW-PE. They used solution-
and melt-crystallized films and nascent powders, observing regular lamel-
lar stacking in the solution-crystallized films, whereas the nascent powders
and melt-crystallized samples showed conventional non-stacked lamellar
morphology. By 1H pulse NMR measurements, they defined three different
relaxation processes occurring during heating. In process 1 (heating from
room temperature), an activation of molecular motion at the boundary be-
tween crystal and amorphous regions takes place. During process 2 (above
60–90 ◦C, i.e. the α-relaxation temperature), the crystallinity increases with
an acceleration of the entire molecular motion caused by sliding of molecu-
lar chains in the crystalline region. Raising the temperature further above
130 ◦C (process 3) leads to the start of sample melting. For solution-grown
crystals and nascent powder samples, the crystalline relaxation exhibited all
three processes as well as constraint of the amorphous chains; however, the
transition between processes 1 and 2 occurred at a higher temperature for the
nascent morphology. In contrast, melt-grown crystals did not show process 1
and directly led to process 2 upon heating. This therefore suggests that the
accelerated molecular motion in the crystal–amorphous boundaries occurs
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following lamellar thickening via a solid-state reorganization, i.e. without
melting, for the highly crystalline nascent and solution-crystallized samples
having fewer entangled chains in the amorphous phase. For melt-crystallized
samples, the higher density of entanglements trapped on the lamellar sur-
face precludes such a boundary relaxation; thus, lamellar thickening may not
occur. These results imply that the trapped entanglements also play an im-
portant role in lamellar rearrangement during annealing such as might occur
during welding of semi-crystalline polymers.

4
From the interphase to the interface:
the welding of semi-crystalline polymers

By considering the influence of the interphase upon annealing, it is possible to
shed a little light on the welding behavior of semi-crystalline polymers, which
has received much less attention than that of amorphous polymers. Because
of the ill-defined morphology of the interphase the welding characteristics of
semi-crystalline polymers are quite different from amorphous polymers and
are far from well understood.

In the case of solution-crystallized UHMW-PE, it is possible to make
solution-cast films in which the lamellar crystals are regularly stacked,

Fig. 8 (a) Electron micrograph and (b) schematic representation for the regular lamellar
structures formed within solution-cast films of UHMW-PE
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see Fig. 8. Upon heating these (dry) solution-cast films above approximately
110 ◦C, it has been observed, by in situ synchrotron measurements and time-
resolved longitudinal acoustic-mode raman spectroscopy [31], that the lamel-
lar thickness increases finally to twice its initial value, from 12.5 nm to 25 nm,
with the loss of the well-stacked lamellar arrangement after the doubling
process. Figure 8b shows the model for the chain rearrangement during heat-
ing. However, the drawability of the annealed solution-crystallized films was
maintained after lamellar doubling since no stem intermixing, or entangling,
occurs as discussed previously in the stem-rearrangement model, Fig. 4.

A well-defined amount of co-crystallization is possible across the inter-
face of two adjacent crystals by annealing two stacked, completely wetted,
solution-cast films of UHMW-PE [32]. It was found that doubling of the
lamellae across the interface enhances the peel energy to such a level that
the films could not be separated anymore. By contrast, ‘pre-annealing’ one
side of the film prohibited co-crystallization across the interface and these
films could still be separated easily. It was therefore concluded that a limited
amount of chain diffusion across the interface occurs during doubling of the
lamellae, as facilitated by the well-defined structure of the interphase due to
the adjacent reentry that occurs upon crystallization from solution.

Thus far we have considered the influence of the interphase in relation to
the mechanical properties of semi-crystalline linear polymers, in particular
for the case of UHMW-PE, i.e. its role in the drawability or in the welding of
such materials. With the recent advent of synthesis routes to produce highly
controlled model systems, the investigation of the interphase can be extended
further.

5
Influence of chain folding on the unit cell

Normally, for linear polymers it is anticipated that extended chain crystals are
thermodynamically the most favorable, and ultimately given an example of
linear polyethylene, it is shown that chains within the folded chain crystals
tend to move along the c-axis via chain sliding diffusion to attain a thermo-
dynamically stable morphology. However, the possibility of chain diffusion
within the crystal lattice cannot be realized normally when the molecular
structure changes from linear to branched, in particular, where the side
branches cannot be incorporated within the crystal. Below, we have summa-
rized our recent studies on such branched polymers and will demonstrate
a thermodynamically stable morphology that these polymers ultimately tend
to achieve. To reach the objective, it is essential to recapitulate first our find-
ings on model systems, for example, linear and branched ultra-long alkanes,
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which are essential for an understanding of the experimental observations of
branched polyethylenes, for example, ethylene–octene copolymers.

It has been known since the early 1970s that the thickness of polyethy-
lene lamellae can have some influence on the lattice parameters of the unit
cell, with a tendency towards higher density at larger crystal thickness. Fur-
ther studies of this effect are hindered in the case of higher molecular weight
polymers by the polydispersity of the materials. Polymers are mixtures of
chains of different lengths and the lack of purity is likely to lead to a higher
level of defects than would occur in a pure system. This gives a very strong
dependence of structure on the age of the crystal and the way in which it
was crystallized. During the past two decades ultra-long monodisperse alka-
nes, with chain lengths up to 390 carbons, have become available. These
materials, which are model substances for low molecular weight polymers,
have provided many new insights into polymer crystallization in general and
polyethylene crystallization in particular.

5.1
Monodisperse ultra-long linear alkanes

Ungar and Zeng [33] have comprehensively summarized the research on
strictly monodisperse materials from their first synthesis in 1985 until 2001.
From the earliest studies it became apparent that, due to the monodisper-
sity of the materials, the thickness of the lamellar crystals formed is always
an integer fraction of the extended chain length (allowing for any chain tilt),
such that the polymers always crystallize in the extended chain form or fold
exactly in half (once-folded), or in three (twice-folded), etc. This behavior
means that, when the alkanes are crystallized at a particular temperature, the
entire lamellar population has very closely the same thickness and stability.
The use of such an ultra-pure system to study the impact of thickness on lat-
tice parameters removes many of the problems inherent to polymers, whilst
maintaining the most important characteristic of chain length.

What follows is a brief overview of wide-angle X-ray diffraction study
using the high-resolution time-resolved capabilities of the European Syn-
chrotron Radiation Facility to investigate the effect of chain folding and
unfolding on lattice parameters in a series of five ultra-long alkanes of differ-
ent chain lengths: C102H206, C122H246, C198H398, C246H494 and C294H590 [34].
Both C102H206 and C122H246 can only be obtained in the extended chain form
under typical dilute solution crystallization conditions; all the other alkanes
undergo chain folding under some crystallization conditions. Table 2 shows
the samples used and the crystal thicknesses obtained, assuming six carbons
per fold (these thicknesses agree well with the thicknesses measured on sim-
ilarly prepared crystals using Raman LAM and small-angle X-ray scattering).
The effect of heating at 2 ◦C/min on the lattice parameters of these alkanes
was examined.
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Table 2 The ideal crystal thickness for differently folded forms of the alkane samples
studied, assuming six carbons per fold

Alkane sample Crystal thickness, nm

C102H206 extended 13.2
C122H246 extended 15.7
C198H398 extended 25.4
C198H398 once-folded 12.0
C246H494 extended 31.52
C246H494 once-folded 15.1
C294H590 once-folded 18.2
C294H590 twice-folded 11.2

Examining the lattice parameters in detail by fitting the (110) and (200)
peaks provides three separate but interrelated sets of information. Firstly, as
expected, the lattice expands on heating due to the increased thermal motion
of the chains. In the case of the extended chain crystals, which are already
close to equilibrium (at least with respect to size), this is all that happens;
see Fig. 9. Constant thermal expansion of the a and b lattice parameters can
be seen, the coefficients of thermal expansion derived from this data are
4 × 10–3 Å/◦C for the a-axis, and – 3 × 10–4 Å/◦C for the b-axis, these ba-
sically remaining constant for each of the chain lengths examined and, as

Fig. 9 The variation in the a(+) and b(�) cell parameters for C246H494 extended chain
crystals. The left-hand axis refers to the a cell parameter and the right-hand axis to the
b cell parameter. Just prior to melting the cell parameters drop, probably due to an in-
crease in the error as the peak intensity rapidly drops to zero, reducing the accuracy of
the peak-fitting routine
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expected, the final melting point is at a higher temperature for the longer
chain molecules. Secondly, if the crystals consist of folded chains, the thicken-
ing of these crystals that occurs above 120 ◦C is accompanied by a contraction
in the crystal lattice. Figure 10 shows the contraction in lattice parameters for
the once-folded form of C246H494, as shown previously for the extended chain
form in Fig. 9. The contraction during thickening is very striking, and even
more so in the case of C294H590 where it occurs on the transition both from
twice-folded to once-folded crystals, and at the transition from once-folded
to extended chain crystals, Fig. 11. This is the first time that such a transi-

Fig. 10 The variation in the a(+) and b(�) cell parameters for C246H494 once-folded chain
crystal. The left-hand axis refers to the a cell parameter and the right hand axis to the
b cell parameter

Fig. 11 The variation in the a(+) and b(�) cell parameters for C294H590 twice-folded crys-
tals. The left-hand axis refers to the a cell parameter and the right hand axis to the b cell
parameter
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tion has been followed in real time using WAXD, although the transformation
to a less-folded form had been measured previously by DSC. The contraction
of the lattice that accompanies unfolding is superimposed on top of the ther-
mal expansion. Finally, prior to this contraction, there is an increase in the
full width at half maximum (FWHM) of each of the crystal Bragg peaks over
a temperature range of several degrees, which can be associated either with
an increase in local strain in the crystals, or a reduction in crystal size in the
lateral direction.

The use of different alkanes with different crystal thicknesses and num-
bers of folds within the crystal enables us to assert with confidence that the
contraction in the lattice is due to the thickening process. The fact that the
alkanes, due to their strict monodispersity, form crystals with only a few
closely defined thicknesses enables this contraction to be seen much more
clearly than it is in polyethylene. In polyethylene a range of different crys-
tal thicknesses may be present, and the thickening process generally occurs
over a wider range of temperatures, smearing out any step-like effect that may
exist.

It may be concluded that a rapid contraction of the crystalline lattice with
morphological changes at the surface of the crystal, and hence the interphase,
occurs as ultra-long, monodisperse alkanes undergo a transition between dif-
ferent integer-folded forms on heating and that this contraction takes place
in all the materials studied, despite apparently different routes being taken
between achieving the pre- and post-transition crystal forms. The different
lattice parameters can be associated with a particular crystal thickness and
fold surface density and the observed contraction of the lattice is remarkably
clear evidence of the effect of surfaces on the polymer crystal structure.

The extent to which the thickening process occurs by solid-state reorgani-
zation of the parent crystals or by melting and recrystallization into thicker
crystals is still a matter of discussion and probably depends on the polymer in
question and the annealing temperature. Chain mobility within lamellae has
been investigated by solid-state NMR [35]. Recent studies have also pointed to
the possible role of mobile phases, such as the hexagonal phase in polyethy-
lene, enabling the thickening process to occur. Computer simulations have
also been used to address these issues, although this is still hampered by the
cooperative nature of the process and therefore the requirement for a large
simulation size. In the WAXD study of lamellar thickening by Terry et al. [34],
the intensity of the diffraction peaks allows any changes in the degree of
crystallinity to be monitored. It was found that, in the case of unfolding of
C198H398 from once-folded to extended and the unfolding of C294H590 from
twice-folded to once-folded, there was little change in the intensity during the
transition. This implies that the transition must be a solid-state process, or
that any melting is very localized. However, other transitions, for example the
unfolding of C294H590 from once-folded to extended, showed that the mate-
rial almost melts completely and then recrystallizes into the thickened form.
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This difference in behavior must reflect the difference in energetic barrier
in the different cases, perhaps due to differences in the degree of thicken-
ing required in the transition between the different forms, the proximity to
the equilibrium melting point and also perhaps to differences in the initial
lamellar thickness.

Thus far, we have only considered studies using simple, highly crystalline
linear n-alkanes. Introducing short chain branches into the amorphous re-
gion of the crystals further influences the interphase and the corresponding
lattice parameters. Two monodisperse branched n-alkanes were also syn-
thesized by Brooke et al. [36], C96H193CH(R)C94H189 where R = CH3 and
(CH2)3CH3, i.e. a methyl and a butyl branched alkane, respectively. The crys-
tallization of polyethylene copolymers, for which these branched n-alkanes
serve as an analogue, is highly complex [37]. Some of the key differences of
the molecular organization of branched polymers compared to linear alkanes
during crystallization are now described.

5.2
Monodisperse ultra-long branched alkanes

When examining the crystallization behavior of branched alkanes, consider-
ation should also be given to whether the branches due to their length will
be excluded to the crystal surface, as we have mentioned earlier. It is gener-
ally accepted that methyl branches can be incorporated at interstitial sites,
leading to distorted lamellae [38–40], whereas hexyl branches are definitely
rejected from the crystalline core. Whether ethyl branches are included or
not depends upon the cooling rate used for crystallization; at higher cooling
rates, the possibility of incorporation into the crystal is increased. A further
complexity is that the ethylene sequences, if sufficiently long, will be able to
fold, however, this is unlikely to be a tight fold, rather a longer fold is envis-
aged in order to keep the comonomers out of the crystal. As the concentration
of comonomers increases, so the lamellar thickness will decrease and over-
crowding of the branches in the amorphous region will result [7, 41, 42]. This
overcrowding is relieved either by the lamellae curving, the chains in the crys-
tal tilting or even by limiting the lateral size of the crystals. Consequently,
thin, imperfect crystals are formed under such conditions.

Detailed SAXS studies using synchrotron radiation on both monodisperse
linear and branched n-alkanes have been performed by Ungar et al. [43–49]
under isothermal and/or non-isothermal conditions at atmospheric pressure.
The investigations unveil and explain the complex chain-folding process dur-
ing crystallization. It was observed that the crystals formed in the early stages
of crystallization have lamellae with the thickness of a non-integer fraction
(NIF) of the extended form. This transient form soon transforms into an
integer form, either via thickening at high annealing temperatures (to the ex-
tended form) or thinning at low annealing temperatures (to the once-folded
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form, F2). There is a lower entropic barrier for the random attachment of
the chain in the NIF as compared to that for once-folded crystals where all
end groups must be positioned at the crystal edge before deposition, and so
the chain prefers the fast random attachment. There is evidence to suggest
that this disordered layer contains long uncrystallized chain ends (cilia) from
molecules which have ‘half crystallized’ and which are subsequently drawn
into the crystals by a process of chain translation. This implies that there must
be a high degree of chain mobility even within the crystalline lattice to al-
low such reorganization of the chains within the growth front, such mobility
as was observed during the morphological changes that occur during crystal
thickening of linear n-alkanes.

In the past few years, Ungar et al. have elucidated the structure and mech-
anism of the formation of the NIF form using SAXS (including electron
density profiles), Raman longitudinal acoustic modes (LAM) spectroscopy
and differential scanning calorimetry (DSC). A comparison of the crystal-
lization mechanism of the linear and branched alkanes [47] indicated that
in the sequence, melt → NIF → F2, the melt → NIF step is fast but the
NIF → F2 step is slow in linear alkanes. The crystallization mechanism is
understood in the following manner. In NIF lamella of a linear alkane, a half-
crystallized molecule generally has two cilia. During crystallization, neither
of the two cilia is long enough to make a complete adjacent reentry, pro-
vided no rearrangements in the already crystallized part occur. This retards
the formation of F2 crystals. However, the reverse is true for the branched
alkane. An isothermal crystallization study of the methyl branched alkane
C96H193CH(CH3)C94H189 revealed that the high rate of NIF → F2 transition
is attributed to the fact that, here, the only successful deposition mode of the
first stem (first half) of the molecule is the one which places the branch at
a lamellar basal surface and the chain end at the opposite surface of the same
lamella. The other half of the molecule (uncrystallized cilium) is then ideally
suited to complete a second traverse of the crystal [47].

To gain a better insight into the crystallization mechanism and resulting
crystal structures of the branched alkanes with respect to the branch length,
the phase behavior of the butyl branched alkane C96H193CH(C4H9)C94H189
has been investigated at elevated pressures. A well-defined morphology is
expected where the chains are adjacent reentrant, due the enhanced chain
mobility along the c-axis at elevated pressures and temperatures. If we en-
visage the folding of a single molecule then the branch, which occurs exactly
after 96 C-atoms and is followed by 94 C-atoms, will lie almost in the middle
of the fold. Variations in the crystal structure have been followed in situ with
WAXD while the morphological aspects have been investigated using in situ
SAXS. The high-pressure measurements were done using a piston cylinder-
type pressure cell similar to that designed by Hikosaka and Seto [50] capable
of attaining a maximum pressure of 5.0 kbar and temperatures from room
temperature to 300 ◦C.
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At atmospheric pressure, the butyl branched alkane shows a similar pack-
ing to linear alkanes and linear polyethylene. Orthorhombic packing (and
monoclinic due to shear in the sample) is maintained even though the
branches will be excluded to the lamellar surface. For the as-synthesized
sample, the lamellar spacing corresponds to chains that are once-folded and
perpendicular to the basal plane, i.e. the chains are not tilted. Upon heat-
ing, some of the chains will begin to tilt with a chain tilt angle of approxi-
mately 35◦, and upon cooling this tilted structure is retained. Non-integer
folds were not observed. This suggests that during non-isothermal crystal-
lization the chains tend to resort to the once-folded structure and one can
assume that the butyl branch is excluded to the surface.

Initially, if one applies a pressure of 3.8 kbar to the sample, no change in
behavior is seen compared to that observed in linear alkanes [51]. The in-
tensity of the diffracted pattern will decrease but that is purely due to the
thickness of the sample decreasing with increased pressure. As the sample
is heated, the monoclinic phase will disappear first at approximately 160 ◦C,
with a corresponding increase in the intensity of the orthorhombic peaks. The
sample finally melts at approximately 258 ◦C.

Interestingly, the effects of the branches on the phase behavior and the sig-
nificance of the interphase were clearly shown by cooling from the melt at
elevated pressures, see Fig. 12. Upon crystallizing from the melt, crystal for-
mation occurs directly in the orthorhombic phase. The orthorhombic (110)
and (200) reflections gain intensity with increasing supercooling. A weak
monoclinic reflection appears at approximately 148 ◦C. These reflections have
been assigned considering the earlier work by Hay and Keller [52]. With
subsequent cooling at ∼ 70 ◦C, a relatively broad and weak new reflection ap-
pears next to the monoclinic reflection. The appearance of the new reflection
is followed by a sudden drop in the intensity of the orthorhombic reflection
and a simultaneous increase in the intensity of the monoclinic reflection. The
presence of the new reflection becomes more evident with further cooling.
The (110) and (200) orthorhombic peaks show a sudden shift to higher an-
gles implying a densification of the orthorhombic crystalline lattice with the
appearance of the monoclinic reflection and the new reflection. Figure 12b
shows that, after the appearance of the new reflection at ∼ 70 ◦C, a dramatic
decrease along the a-axis of the orthorhombic unit cell occurs together with
a sharp decrease along the b-axis. Densification of the orthorhombic unit cell
(� = 1141 kg/m3 at 4.0 kbar, 25 ◦C) is evident from Fig. 12c.

Definite assignment of a phase to the new reflection is not straightfor-
ward as only one reflection is observed; for the present it has been termed
a pseudo-hexagonal phase as its spacing is close to that of the hexagonal
phase in polyethylene (d = 4.16 Å, c.f. d100hex(polyethylene) = 4.2 Å). We al-
ready know that, due to their length, the butyl branches are rejected from
the crystalline lattice and so are segregated to the fold surface of the crys-
tal. It is suggested that, with pressure, this new phase appears when these
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Fig. 12 (a) A series of integrated WAXD patterns for the crystallization of butyl-branched
alkane at elevated pressures of 4.0 kbar while cooling at a rate of 4 ◦C/min. The ortho-
rhombic (110) and (200) reflections appear first, and gain intensity with increasing
supercooling. A weak (100) monoclinic reflection appears at ∼ 148 ◦C. Upon further cool-
ing at ∼ 70 ◦C, a sudden drop in the intensity of the (110) orthorhombic reflection is
observed with the appearance of a new reflection and a simultaneous increase in the
intensity of the (100) monoclinic reflection (b) Plot showing compression of the ortho-
rhombic unit cell parameters during cooling at elevated pressures (c) A linear decrease
and increase in the volume and density of the orthorhombic unit cell is respectively
observed during cooling at ∼ 4.0 kbar (d) Plot of Bragg d-values of various crystalline
reflections versus temperature during cooling at elevated pressure of 4.0 kbar: (100) mon-
oclinic (�), (100) pseudo-hexagonal (◦), (110) orthorhombic (�), (200) orthorhombic
(∆). The X-ray wavelength used for these experiments is 0.744 Å

butyl branches crystallize together. The separation of the butyl branches from
each other is greater than that of the main chain within the crystal due to the
fact that a fold occurs at the surface. The observed densification of the ortho-
rhombic unit cell therefore acts to relieve the strain induced at the surface by
the expanded nature of the crystallization of the branches. This is supported
by the observations by SAXS, Fig. 13, that the d-spacing of the once-folded
form increases in value although the intensity is decreased at the same time as
this new phase appears in the WAXD patterns. The crystallization of the butyl
branches at the fold surface of the crystalline and amorphous regions would
lead to a decrease in the electron density difference between the crystalline
and amorphous regions.
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Fig. 13 Time-resolved SAXS patterns recorded during cooling at a rate of 4 ◦C/min at
3.8 kbar show a relatively broad first-order reflection at 118 Å and a second-order reflec-
tion at 58 Å. An overall drop in SAXS intensity follows on cooling

It is remarkable that the new phase, once it appears, shows very little ex-
pansion or contraction whether caused by temperature or pressure. Again
this must be because of the constraints imposed by the folds on the sur-
face, fixing the separation of the branches. Indeed, the orthorhombic reflec-
tions can be seen to expand and contract. On heating or release of pressure,
when the d-spacings of the orthorhombic (110) and the pseudo-hexagonal
reflections reach the same value, set by the nearest-neighbor separation deter-
mined by a fold, then no further expansion of the lattice is observed, Fig. 14.

5.3
Homogeneous copolymers of ethylene-1-octene

In recent years, ethylene-1-octene copolymers with densities between 870
and 910 kg/m3 have attracted considerable academic and industrial interest.
One of the main characteristics of these copolymers is that they are homoge-
neous copolymers, that is, these polymers do not display any differences in
comonomer distribution along the chains other than the differences related to
statistical fluctuations. Copolymers that do not meet the above definition are
considered to be heterogeneous, such as LLDPE which shows a superposition
of multiple ethylene sequence length distributions (ESLDs). The difference
between homogeneous and heterogeneous copolymers lies in the different
process of polymerization that result in quite different chain microstructures
and final product properties. The homogeneous copolymers are synthesized
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Fig. 14 (a) 3D WAXD plot shows that, upon releasing pressure at room temperature, (100)
monoclinic and (110) orthorhombic reflections move to lower angles while the (100)
pseudo-hexagonal reflections stays at the same position. The latter finally vanishes fol-
lowed by the disappearance of the monoclinic reflection, resulting in an overall increase
in the intensity of the orthorhombic reflections (b) The d-values for the various crys-
talline reflections plotted against pressure. Symbols represents: (100) monoclinic (�),
(100) pseudo-hexagonal (◦), (110) orthorhombic (�), (200) orthorhombic (∆). Upon re-
leasing pressure at room temperature, the d-value of the (110) orthorhombic reflection
increases from 3.85 Å to 4.08 Å while the d100hex = 4.16 Å merges with that of the (110)
orthorhombic reflection at ∼ 2.0 kbar. At atmospheric pressure the d-values for the vari-
ous crystalline reflections attain values similar to those in linear alkanes (c) The a- and
b-axis of the orthorhombic unit cell increase and subsequently become constant below
2.0 kbar upon releasing the pressure (d) Volume and density of orthorhombic unit cell
plotted as a function of pressure at room temperature. The X-ray wavelength used for
these experiments is 0.744 Å

with the aid of a single set of reactivity values, corresponding to a single active
catalyst site, resulting in a single-peaked ESLD. Whereas synthesis of hetero-
geneous copolymers involves the presence of two or more active catalyst sites,
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resulting in an overall distribution of multiple ethylene sequence lengths that
causes a multiply-peaked ESLD. Crystallization kinetics and the subsequent
morphology are strongly influenced by the specific chain microstructure, spe-
cifically the ESLD, which varies with the mole fraction of octene. Especially
in the case of ethylene-1-octene copolymers, the chain microstructure largely
affects the properties, since the ethylene units will form crystallites, while the
octene units are likely to be excluded from the crystallites. Therefore, the ex-
act distribution of the comonomer units along the chain, and consequently
the way of stringing together the ethylene sequences determines the crystal-
lizability of that chain and hence the morphology and the ultimate properties.
As is evident, the chain microstructure will also influence the chain con-
formation in the melt and in the solution because the bond angles of the
monomers and comonomers will differ.

Ethylene octene copolymers show a very interesting and intriguing crystal-
lization behaviour and morphology upon increasing the comonomer content
from zero to very high values, for example, the morphology changes from
a lamellar one, organized in spherulites, to a granular-based morphology.
Even for homogeneous copolymers there is always a distribution of crystalliz-
able units present in the copolymer chains, ethylene in the present case, and
thus variations in the properties of the copolymers such as the crystalliza-
tion temperature, resulting crystallite dimensions and melting temperature.
Clearly, the term homogeneous only applies to the way polymerization is per-
formed. The kind of heterogeneity described above complicates studies of
fundamental properties. In this section we will summarize some of our data,
which clearly shows that pressure can be used as a thermodynamic com-
ponent to segregate variable ESLDs present in homogeneous copolymers. By
pressure–temperature crystallization cycles it is feasible to obtain a regular
organization of branches on the crystal surface and adjacent chain reentry,
which may result in the appearance of a new crystalline phase similar to that
observed in the case of branched alkanes [51].

In the above section we have shown that it is possible to control the num-
ber of entanglements per unit chain in a flexible linear chain polymer such
as polyethylene. This could be achieved either from dilute solution, in the
melt by high chain mobility along the c-axis of the unit cell or by polymer
synthesis. The reduction in the number of entanglements, below a critical
concentration, promotes drawability of intractable polymers like UHMW-PE
having molar mass greater than a million. It is also shown that the drawability
of UHMW-PE strongly depends on chain reentry at the interphase. Moreover,
on crystallization from the melt, adjacent chain reentry resulting in crystal-
lographic registration of folds at the crystal surface can occur in branched
alkanes or homogeneously synthesized ethylene–octene copolymers.

In ethylene-1-octene copolymers, the phase behaviour at elevated pres-
sures is complicated and has been little studied. High pressures and tem-
peratures lead to extended ethylene sequence crystals (EESCs), i.e. the chain
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sequence can only extend between branching points, if the polymer chain
mobility is high enough, rather than extended chain crystals (EECs). By high
pressure DSC, Vanden Eynde et al. [53] showed that the melting and crys-
tallization transitions are shifted to higher temperatures due to a shift in the
Gibbs free energy of the melt with increasing pressure. The heating rate at el-
evated pressures had no significant effect on the thermal behaviour except to
reveal that the process by which the ethylene sequences extend is very fast.
Similarly, increasing the cooling rate leads to broadened DSC peaks as small
and imperfect crystallites are formed. For low 1-octene comononer content,
three processes could be resolved: the melting of folded chain crystals, fol-
lowed by the melting of the relatively large EECs/EESCs superimposed on the
orthorhombic to hexagonal transition and a high-temperature melting peak
of the hexagonal phase. The lack of structural evidence, which the DSC data
could not provide, was addressed by in situ high-pressure SAXS and WAXD
measurements.

Recently, we investigated the effect of pressure on the crystallization
of homogeneous ethylene-1-octene copolymers containing 5.2 mol % and
8.0 mol % 1-octene [54]. Samples that were crystallized at atmospheric
pressure from the melt showed a disappearance of the wide-angle diffrac-
tion peaks and an increase in the amorphous halo upon increasing pres-
sure to 3.7 kbar at room temperature. However, this amorphization (loss
of crystallinity) is more likely to be due to the break up of the large
orthorhombic/monoclinic crystallites into small, imperfect crystals at pres-
sures up to 4.0 kbar, as revealed by in situ high-pressure Raman measure-
ments, rather than to be similar to the pressure-induced amorphization
reported earlier by one of us for the polymer poly-4-methyl pentene-1 [55–
57]. In the latter case, the amorphization at room temperature with increasing
pressure is a consequence of an inverse density relationship, i.e. the crys-
talline density is less than the density of the amorphous region.

In a similar manner, the ethylene–octene copolymer crystallized directly
via the orthorhombic phase without the intervention of the anticipated hex-
agonal phase as would be anticipated in linear polyethylenes at these high
pressures and temperatures (at approximately 3.8 kbar and around 200 ◦C).
At ∼ 100 ◦C, see Fig. 15, the d values for (110) and (200) orthorhombic reflec-
tions are 4.08 Å and 3.71 Å. When the sample is cooled below 100 ◦C, a new
reflection adjacent to the (110) orthorhombic peak appears at ∼ 80 ◦C. The
position of the new reflection is found to be 4.19 Å and so corresponds to
a new phase. No change in the intensity of the existing (110) and (200) re-
flections is observed, however the intensity of the amorphous halo decreases,
which suggests that the appearance of the new reflection (d = 4.19 Å) is solely
due to the crystallization of a noncrystalline component. On cooling further
as the new reflection intensifies, the (110) and (200) orthorhombic reflections
shift gradually. However, at ∼ 50 ◦C, the (100) monoclinic reflection appears
with a concomitant decrease in the intensity of the (110) orthorhombic reflec-
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tion and a sudden shift in the Bragg d values of the orthorhombic reflections.
These results indicate a solid–solid phase transition at 50 ◦C of a large amount
of crystals, from the orthorhombic to monoclinic phase. At room tempera-
ture it can be seen that the new reflection is much more intense than the
(110) orthorhombic reflection and a corresponding additional new reflection
is observed at d = 3.78 Å, as shown in Fig. 15.

If one considers the ratio of the two new reflections (4.19 Å/3.78 Å ≈
1.108) and compares their intensities, it can be concluded that this phase re-
sembles an orthorhombic phase (for linear polyethylene, d110ortho/d200ortho ≈
1.111). However, the d values for the new reflections are higher than the con-
ventional d values for the orthorhombic phase and do not match exactly with
the known triclinic phase in linear polyethylene. Keeping this in mind and
assuming no change along the c-axis, the unit cell dimensions for the new
orthorhombic phase at 3.8 kbar and room temperature (25 ◦C), were calcu-
lated to be a = 7.56 Å, b = 5.03 Å and c = 2.55 Å. The unit cell volume was
found to be approximately 96.97 Å3 and the density 960 kg/m3. This is the
first time that this type of orthorhombic phase has been observed in polyethy-
lene. Compared to the conventional orthorhombic phase, the density of the

Fig. 15 Diffraction patterns of ethylene-1-octene copolymer (5.2 mol %) shown from
100 ◦C to 25 ◦C while cooling at 10 ◦C/min recorded during crystallization from melt at
∼ 3.8 kbar. The open-orthorhombic phase appears at ∼ 80 ◦C, intensity and position of
this reflection remains unchanged. The open-orthorhombic phase is followed by the in-
coming of the (100) monoclinic reflection concomitant with a shift to higher angles and
drop in the intensity of the (110) dense-orthorhombic reflection. The X-ray wavelength
used for these experiments is 0.744 Å
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new orthorhombic phase is rather low, i.e. the unit cell is more open, for com-
parison see Table 3. The high intensity of the new open-orthorhombic phase
at these high pressures means that the new phase is formed by the crystalliza-
tion of the majority of the amorphous component with the hexyl branches at
the surface of the crystal, i.e. the interphase crystallizes.

The relatively high intensity of the open-orthorhombic phase, at these
high pressures, means that this phase cannot be attributed to crystalliza-
tion of the hexyl branches at the crystal surface alone – unlike in the case
of branched alkanes. However, similar to branched alkanes, the fold surface
incorporating hexyl branches must be a prominent factor in forming the
open-orthorhombic phase. In fact one envisages a major part of the ortho-
rhombic lattice, which resorts to a less dense packing even at these high
pressures, as driven by the hexyl branches [58]. In this manner, the stresses
due to crystallization of the hexyl branches residing on the fold surface lead to
a further compression of the original orthorhombic lattice (termed the dense
orthorhombic phase at d110 = 3.99 Å) and a partial conversion of this phase
into a monoclinic phase.

On releasing the pressure, the multiple reflections observed in the sam-
ple crystallized at elevated pressure and temperature merge into the 110 and
200 reflections of a single orthorhombic phase. If pressure is once again
increased at room temperature, Fig. 16, the (110) reflection splits into two dis-
tinct d values, d = 4.19 Å (open-orthorhombic phase) and d = 3.99 Å (dense-
orthorhombic phase). The intensity of the dense-orthorhombic reflection
(d = 3.99 Å) decreases with the appearance of the (100) monoclinic reflection
(d = 4.48 Å).

From Fig. 16 it can be further confirmed that, with the appearance of
the monoclinic phase, the intensity and position of the open-orthorhombic
reflection (d = 4.19 Å) remains unchanged and does not shift with com-

Table 3 Comparison of the crystalline lattice parameters, volumes and densities for vari-
ous polyethylenes

Crystallization a b c Volume Density
Conditions Å Å Å Å3 kg/m3

Linear polyethylene Atmospheric 7.40 4.94 2.55 93.52 996
pressure, 25 ◦C

Branched Polyethylene Atmospheric 7.52 4.99 2.55 95.63 974
(ethylene-1-octene 5.2 mol %) pressure, 25 ◦C

Branched polyethylene 3.8 kbar 7.16 4.81 2.55 87.82 1060
(dense-orthorhombic) 25 ◦C

(open-orthorhombic) 3.8 kbar 7.56 5.03 2.55 96.97 960
25 ◦C
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Fig. 16 Wide-angle X-ray diffraction patterns showing the reappearance of the three crys-
talline phases namely monoclinic, open-orthorhombic and dense-orthorhombic, during
increase in pressure at room temperature

pression. Thus the volume and density of the open-orthorhombic unit cell
is invariant with pressure, an unusual feature compared to the changes in
volume and density of the dense-orthorhombic phase. These observations
strongly suggest that the origin of the open-orthorhombic phase is the crys-
tallization of the fold surface and the interphase, where pressure facilitates
the organization process of the fold surface and the interphase to the extent
that it could be detected by X-rays diffraction from the bulk. This is possible
because pressure facilitates the disentanglement process, phase separation of
different molecular weights, reorganization of chains at elevated pressure–
temperature and formation of reasonably large crystals along the ab-plane in
the copolymers and branched alkanes. Thus pressure favours the achievement
of well-defined crystallographically registered fold surfaces at the interphase,
which on compression crystallizes and gives rise to specific reflections in the
WAXD pattern. Rastogi et al. [54] discuss the experimental series above in
more detail and from such studies draw the conclusion that pressure facilities
the achievement of a well defined crystallographic registered fold surface and
the interphase. A shrinkage in the unit cell is observed that suggests a lattice
contraction with the concomitant appearance of new reflections – a result in
full agreement with recently reported results on lattice contraction with chain
unfolding in n-alkanes.
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6
Beyond flexible polymers: rigid amorphous fraction

The discussion of the influence of the interphase need not be limited to
just linear polyethylenes. Interphases of several nm have been reported in
polyesters and poly-hydroxy alkanoates. One major difference between the
interphase of a flexible polymer like polyethylene and semi-flexible polymers
like PET, PEN and PBT is the absence of regular chain folding in the latter
materials. The interphase in these semi-flexible polymers is often defined as
the rigid amorphous phase (or rigid amorphous fraction, RAF) existing be-
tween the crystalline and amorphous phases. The presence of the interphase
is more easily discerned in these semi-flexible polymers containing phenylene
groups, such as polyesters.

Similar to polyethylenes the morphology of these polymers is also de-
scribed as a lamellar stack of crystalline and non-crystalline layers. This so
called two-phase model is applied for the interpretation of X-ray diffraction
data as well as for heat of fusion or density measurements. However, it is well
known that several mechanical properties, as well as the relaxation strength
at the glass transition temperature, cannot be described by such a simplistic
two-phase approach, as discussed by Gupta [59]. From standard DSC meas-
urements [60], dielectric spectroscopy, shear spectroscopy [61], NMR [62],
and other techniques probing molecular dynamics at the glass transition (α-
relaxation) temperature, the measured relaxation strength is always smaller
than expected from the fraction of the non-crystalline phase. The difference
in mobility is caused by different conformations of the chains as detected
by IR [63] and Raman spectroscopy, or due to spatial confinement because
of the neighboring lamellae. To explain the disagreement between the ex-
pected values of relaxation strength and the measured values Wunderlich
and coworkers [60] proposed a three-phase model. In their approach, the
non-crystalline phase is subdivided into one part that does contribute and
a second part that does not contribute to the relaxation strength at the glass
transition temperature. In addition, Wunderlich and coworkers distinguished
between a mobile and a rigid fraction of the polymer. The rigid fraction con-
sists of the crystalline phase and that part of the amorphous phase that does
not contribute to the glass transition. This results in a three-phase model con-
sisting of the crystalline (CRF), the rigid amorphous (RAF) and the mobile
amorphous (MAF) fractions.

Although the existence of the RAF seems to have been well demonstrated
experimentally, the properties of this part is under investigation. One of the
most important questions is: what is the chain packing in the RAF and how
does it differ from that in the regular MAF? It is also interesting to know
whether the chain packing in the RAF is defined by the crystallization con-
ditions (crystallization temperature, nucleation density, pressure etc). Schick
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et al. [64] demonstrated that the RAF in semi-crystalline PET does not ex-
hibit a separate glass transition temperature, in the entire temperature range
up to the melting temperature, Tm, while the parameters of sub-Tg relaxation
for RAF and MAF are essentially the same. Recently, using temperature-
modulated DSC, Schick et al. [65] also showed that similar phenomena take
place for several other polymers such as bisphenol-A polycarbonate and
poly(3-hydroxybutyrate). No changes in the amount of RAF occurred in
the temperature range between crystallization and the glass transition tem-
peratures. Therefore, they suggested that the amorphous chains, constrained
between the crystalline lamellae in PET, become effectively vitrified upon
crystallization, despite a high temperature, while the remaining amorphous
chains located between the lamellae stacks continue to be in the liquid state.
Therefore, the crystallization temperature has to be considered as an effect-
ive vitrification temperature for the RAF. Devitrification of the RAF should
then occur upon melting of the crystalline lamellae, consisting of the lamellae
stacks.

If this hypothesis is right, the specific volumes that characterize the RAF
and MAF have to be essentially different below the crystallization tempera-
ture. Figure 17 exhibits a sketch to illustrate this point. This sketch basically
shows a hypothetical thermal-expansion behavior associated with the RAF
and MAF for PET, crystallized at some arbitrary crystallization tempera-
ture, Tc. Above Tc, in the equilibrium melt, only one phase occurs, i.e. the
specific volumes for the RAF and MAF are the same. If vitrification of the RAF
occurs at Tc, the slope of specific volume versus temperature for this frac-
tion should change at Tc, and become characteristic of the glassy state in the
temperature interval below Tc. In the same manner for the MAF, the slope of
specific volume versus temperature, below Tc, should continue to be the same
as for the equilibrium melt and change only at the real Tg. Therefore, if room
temperature (25 ◦C) is considered as the reference, the specific volume for the
RAF at 25 ◦C must be larger than that for the MAF. The same reasoning would
lead to the anticipation that the specific volume of the RAF will be a direct
function of Tc.

Lin et al. [66] have exploited this variation in specific volume of the RAF
to control the barrier properties of polyester films. An attempt to correlate
the mechanical deformation of PET with the amount of RAF present in these
films has been made recently. Moreover, the observations have been that
a sample with a larger amount of RAF, on uniaxial compression, shows con-
siderable loss in crystallinity compared to a sample having a lower amount of
RAF. These findings have been reported in a recent publication [67].
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Fig. 17 Representation of the volume–temperature relationship for rigid amorphous and
mobile amorphous phases of PET

7
Conclusions

In this chapter we have discussed the morphological aspects of the interphase
that exists between the ordered three-dimensional crystalline phase and the
randomly structured amorphous phase. From a series of experimental ob-
servations it is evident that the structure of the interphase strongly depends
on the crystallization conditions, for example, a chain from a crystal can be
reentrant to the crystal of origin, with or without forming entanglement(s).
The amount of entanglements present on the crystal surface can be controlled
either by crystallization from dilute solution, by enhancing chain mobility
along the c-axis of the crystal through the hexagonal phase or during synthe-
sis. Chain sliding diffusion along the c-axis, which causes lamellar thickening,
shows a strong dependence on chain topology. Ultimately topological con-
straints present on the crystal surface control the macroscopic deformation
behaviour of polymer films.

Non-adjacent re-entrant chains build up steric stresses, which are meta-
stable and tend to decrease in number when given sufficient time and chain
mobility for reorganization. However, when the chain mobility within the lat-
tice is inhibited with the introduction of side branches, the chains tend to
adopt adjacent re-entry at the surface during crystal growth. This results in
minimization of steric stresses at the crystal basal plane, thus favoring exten-
sive lateral growth most likely by an adjacent reentran chain-folding process.
Thus side branches of the homogeneous copolymers and branched alkanes
tend to order on the ab-plane of the crystal lattice and will crystallize on com-
pression. Simultaneous to the crystallization of branches, a contraction in the
parent crystal lattice occurs. These observations clearly show that extended
chain crystals need not be the thermodynamically stable state; minimization
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Fig. 18 Schematic two-dimensional presentation for crystallization of the interphase. With
crystallization of the interphase in the open-orthorhombic phase, contraction in the
orthorhombic crystalline lattice occurs. This results in the formation of dense ortho-
rhombic or monoclinic phase (see Figs. 15 and 16). In branched alkanes, because of the
relatively sharp folds, the amount of chains contributing to the interphase is considerably
less, which corresponds to the low intensity of the reflection assigned to the pseudo-
hexagonal phase (see Figs. 12 and 14), while the phenomenon of concentration of the
lattice with crystallization of the interphase is the same as in copolymers

in surface free energy can also be achieved by having an interphase with adja-
cent re-entrant chains. Figure 18 is a schematic drawing showing such a possi-
bility. The intensity of the crystallizable interphase in the open orthorhombic
phase strongly depends on the crystallizable material at the crystal surface
and the interphase. In our studies, reported in this chapter, the content of
the crystallizable interphase would be considerably higher in ethylene–octene
copolymers compared to adjacent re-entrant folds in branched alkanes.

The implications of adjacent re-entry is realised in the drawability of the
solution crystallized film of UHMWPE and the strain hardening behaviour of
branched ethylene-octene copolymers, for example.
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